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EXECUTIVE  SUMMARY 


The  third  annual  report  of  the  University  Research  Initiative  project  at  UCSB 
on  High-Tejnperature,  High-Performance  Composites  consists  of  sections  compiled 
in  a  total  of  six  books.  The  first  section  in  Book  1  is  concerned  with  the  properties 
and  strvicture  of  bimaterial  interfaces  and  the  related  problem  of  coaling  decohesion 
and  cracking.  The  second  section  describes  research  on  the  strengths  and  fracture 
resistance  of  brittle  matrix  composites  manufactured  with  fibers,  whiskers  and 
ductile  phases.  This  information  is  presented  in  Books  2  and  3.  The  third  section 
addresses  the  flow  and  creep  strength  of  reinforced  systems,  with  emphasis  on  effects 
of  aspect  ratio  and  the  incidence  of  damage,  and  is  offered  in  Book  4.  The  fourth 
section.  Books  5  and  6,  describes  work  on  processing  of  intermetallic  and  ceramic 
matrices  and  composites,  as  well  as  numerical-  modelling  of  the  melt-spinning 
procei’5. 

SECTION  3;  FLOW  AND  CREEP  ST.RENGTH 

A  substantial  activity  has  been  initiated  to  examine  strength  and  ductility 
during  both  plastic  flow  and  creep  in  the  presence  of  reinforcements.  The  variables 
of  principal  interest  are  the  reinforcement  aspect  ratio  and  size,  as  well  as  their 
fracture/debond  resistance.  The  initial  studies  have  been  on  a  model,  solute- 
strengthened  system,  A1 4%  Mg  reinforced  with  SiC  having  different  morphologies, 
fabricated  by  squeeze  casting.  The  matrix  is  chosen  to  be  ductile  and  fails  by 
necking  to  a  ridge  and  thereby,  inhibits  premature  rupture. 

Strengthening  and  ductility  have  been  explored  in  the  alloy  containing 
equiaxed  SiC  particles  (50%  by  volume)  having  a  range  of  particle  sizes  between  3 
and  160lXm  (Yang  et  al.).  The  results  indicate  that  the  flow  strength  diminishes 


somewhat  with  increase  in  particle  size;  this  effect  has  been  attributed  to  the 
enhanced  damage  (particle  cracking)  observed  in  materials  containing  the  large 
particles.  Conversely,  there  is  a  strong  effect  of  particle  size  on  ductility,  with  the 
greatest  ducdlity  occurring  in  materials  containing  the  smallest  particles.  This  trend 
is  attributed  to  the  relative  htcidence  of  particle  cracking,  as  governed  by  weakest 
link  statistics  associated  with  flaws  in  tlie  particles,  introduced  during  commination. 
The  ultimate  strengths  of  these  materials  is  high  (~  600  MPa)  and  greater  than  that 
expected  from  calculations  conducted  for  composites  with  a  spatially  uniform 
particle  distribution.  The  discrepancy  is  being  addressed  by  examination  of  the 
influence  on  non-uniform  spatial  arrangements  and  the  associated  high  constraint 
between  the  more  closely-spaced  particles.  Similarly  large  strength  elevation  has 
also  been  found  for  material  reinforced  with  Al2C)3  particulates  (Hirth  et  al.).  In  this 
case,  the  strengthening  has  been  attributed  to  dislocation  cell  formation  governed  by 
the  particle  spacing.  These  different  effects  remain  to  be  brought  together  in  a 
unified  model.  In  addition,  the  toughness  of  the  Al2C)3  containing  material  has  been 
measured  (Hirth  etal.)  to  reveal  that  the  toughness  increases  with  increase  in 
piirtide  size  in  accordance  with  known  concepts  of  ductile  fracture. 
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ABSTRACT 


The  processing  and  mechanical  properties  of  an  Al  alloy  reinforced  with  a 
high  volume  fraction  of  SiC  particulates  have  been  investigated.  The  properties  are 
shown  to  be  appreciably  affected  by  the  particle  size.  These  effects  have  been 
o.xclusively  related  to  the  Incidence  of  damage  caused  by  tl  ^  particulates.  In 
particular,  particle  cracking  has  been  shown  to  occur  in  the  larger  particles,  with  a 
cracking  probability  that  inacases  as  the  particle  size  increases.  The  cracks  reduce 
the  flow  strength  of  the  materials  and  crack  coalescence  controls  the  ultimate 
strength  and  ductility.  The  measured  trends  in  these  properties  are  consistent  with 
simple  models  of  these  damage  processes. 
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1.  INTRODUCTION 


The  modulus,  strength  and  ductility  of  Al  alloys  reinforced  with  ceramic 
^articulates  are  known  to  be  influenced  by  such  variables  as  the  particle  size  and  the 
volume  fraction,  as  well  as  the  matrix  flow  stress  and  the  debond  resistance  of  the 
intorfacc.^’2  In  particular,  the  attainment  of  the  high  Young's  modulus  required  for 
some  applications  (of  order  200GPa)  dictates  high  volume  fractions  of 
reinforcements  and  attendant  problems  associated  with  relatively  low  ductility  and 
toughness.  The  intent  of  the  present  study  is  to  examine  mechanical  properties  in 
systems  of  this  type,  as  needed  to  provide  a  basis  for  optimizing  properties. 

Al  matrix  composites  with  high  volum.e  fractions  of  reinforcements  can  be 
produced  with  controlled  matrix  and  interface  characteristics  by  squeeze  casting. 
Tins  processing  approach  is  selected  for  present  purposes.  Furthermore,  it  has  been 
evident  that  a  high  ductility  matrix  is  needed  to  achieve  good  composite  properties 
at  high  reinforcement  volume  fractions.  Consequently,  this  investigation 
emphasizes  solid  solution  alloys  based  on  Al/Mg. 

An  important  theme  of  this  paper  is  to  relate  the  composite  mechanical 
properties  to  the  flow  strength  and  ductility  of  the  matrix  through  appropriate 
modelling  approaches.  For  this  purpose,  the  flow  properties  of  the  composite  are 
evaluated  in  both  tension  and  compression  and  the  ductility  is  measured  in  both 
tension  and  bending.  In  addition,  microhardness  measurements  are  used  to 
correlate  the  flow  strength  of  the  matrix  material  with  the  flow  strength  of  the 
corresponding  bulk  matrix  material.  Effects  of  particle  size  on  these  properties 
represent  a  central  feature  of  the  investigation. 
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2.  COMPOSITE  PROCESSING 


A  modified  squeeze  casting,  pressure  infiltration  process  was  used  for 
composite  processing.  In  this  process  the  silicon  carbide  preform  is  surrounded  ^vith 
a  relatively  rigid  ceramic  filter,  (Fig.  1),  which  serves  several  functions.  First,  the 
ceramic  filler  removes  oxides  entrained  in  the  melt.  Second,  the  melt  flow  into  the 
preform  is  multi-dimensional,  from  its  sides  as  well  as  the  top,  allowing  uniform 
preform  deformation  and  hence  microstructures.  Finally,  since  the  lower  die  half  is 
not  evacuated,  entrapped  air  is  pushed  down  into  the  porous  filter  located  below  the 
preform. 

The  Al-4wt%Mg  alloy  melt  was  prepared  from  99.$89&  purity  A1  and  Mg  using 
an  induction  power  supply.  The  melt  was  degased  using  conventional  practice,  and 
superheated  -ISOK  prior  to  introduction  above  the  filter/preform  assembly  in  the 
lower  die  (Fig.  1). 

The  preforms  consisted  of  SiC  particulates,  3.5iim  to  1.65|im  in  size  purchased 
from  Norton  Company.  The  particulates  were  encapsulated  in  the  ceramic  preform, 
healed  to  ~1050K  in  a  resistance  furnace  prior  to  introduction  in  the  lower  die  half. 
The  die  itself  was  preheated  to  ~573K 

The  ram  speed  in  the  hydraulic  press  during  the  infiltration  process  was 
-lOmm/sec.  A  final  press  pressure  of  ~180MPa  was  maintained  on  the  composite 
until  complete  solidification  of  the  alloy. 

Representative  inicrostructures  of  as-cast  composites  containing  0.5  volume 
fraction  of  SiC  particles  are  shown  in  Figure  2. 
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3.  MECHANICAL  MEASUREMENTS 

3.1  COMPRESSIVE  PROPERTIES 


Compressive  tests  were  conducted  using  procedures  desaibed  elsewhere,^ 
leading  to  the  true  stress/true  strain  curves  plotted  on  Fig.  3  .  A  prominent  feature 
of  the  results  is  the  grouping  of  the  materials  into  two  classes;  "large"  particles 
(>50/im)  and  "small"  particles  (<20  /»«)•  The  flow  strengths  of  the  former  are  lower 
than  those  for  the  latter,  but  both  have  substantially  higher  strength  than  the 
matri.'c. 

Observations  conducted  on  the  test  specimens  revealed  a  substantial 
difference  between  the  two  material  classes  with  regard  to  the  tendency  toward 
particle  cracking  during  testing.  Specifically,  materials  containing  the  "large" 
particles  exhibited  multiple  particle  cracking,  with  most  cracks  oriented  along  the 
stress  axis  (Fig.  4a).  These  cracks  had  fully  developed  at  relatively  small  plastic 
strains  of  order  1  percent.  Conversely,  aacks  could  not  be  delected  in  the  materials 
containing  small  particles,  even  at  plastic  strains  of  ~  3.5  percent  (Fig.  4b).  Similar 
trends  in  particle  cracking  are  evident  upon  tensile  and  flexural  testing,  as 
elaborated  below. 


3.2  TENSILE  PROPERTIES 

Tensile  tests  have  been  conducted  on  lest  specimens  having  the  geometry 
depicted  in  Fig.  5.  Following  water  jet  cutting,  the  gauge  sections  were  carefully 
polished  to  minimize  mechanical  damage.  Stress-strain  curves  obtained  for  each 
material  are  summarized  in  Fig.  6.  It  is  apparent  that  the  flow  strengths  of  the 
materials  are  similar,  but  that  the  ductility  is  substantially  dependent  on  particle 
size:  decreasing  as  the  particle  size  inaeases.  Also,  some  weakening  of  the  material 
containing  coarse  particles  is  apparent  at  strains  approaching  the  rupture  strain.  The 
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effects  of  particle  size  on  strength  and  ductility  are  summarized  in  Fig.  7. 
Fractographic  inspciclion  of  the  fracture  surface  revealed  that  the  large  SIC  particles 
fracture,  whereas  interface  debonding  occurs  with  the  smallest  particles  (Fig.  8) 


3.3  FLEXURAL  PROPERTIES 

Specimens  suitable  for  four-point  flexure  tests  have  been  prepared  with 
considerable  care  devoted  to  the  condition  of  the  tensile  surface.  Spcdfically,  final 
polishing  with  l/4//m  At203  has  allowed  high  quality  surfaces  to  be  produced. 
Nominal  stress-strain  curves  obtained  from  the  flexure  tests  are  shown  in  Fig.  9. 
This  mode  of  testing  confirms  that  material  with  the  ‘small'  particles  exhibits  the 
higher  flow  strength  and  the  greater  fracture  strain.  The  flexural  information  may 
,  bo  converted  into  tensile  stress/strain  curves  (Appendix  I),  leading  to  trends  in  the 
effects  of  particle  size  on  strength  and  ductility  siunmarized  in  Fig.  7. 

Sequential  observations  have  been  used  to  monitor  the  evolution  of  the 
damage  that  leads  to  fracture  and  controls  the  ductility.  For  the  materials  with  the 
larger  reinforcements,  particle  cracking  is  appa>ent  and  initially  occuri  in  a  spatially 
random  mode  (Hg.  10).  Just  prior  to  ultimate  failu’.«,  cracks  within  particles  interact 
with  those  in  neighboring  particles  and  produce  a.  macroscopic  crack  which  leads  to 
rupture. 

3.4  HARDNESS  MEASUREMENTS 

The  in-siiu  flow  strength  of  the  A1  alloy  within  the  composite  and  the  bulk  A1 
alloy  were  compared  using  microhardness  measurements  performed  with  a  Vicken 
diamond  indentor.  The  load  (--  2N)  was  selected  such  that  the  indentation  size  was 
no  greater  than  about  one  third  of  the  sparing  between  adjacent  SiC  particles  in  the 
composite.  Anomalously  small  indentations  in  the  composite  were  disregarded 
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because  of  Ihe  influence  of  particles  immediately  beneath  the  indentation.  The 
results^  summarized  in  Table  1,  indicate  the  in-siru  flow  strength  of  the  Al  matrix  is 
«■  40^0  greater  than  that  of  the  bulk  alloy. 

4.  SOME  BASIC  MODELS 

4.1  FLOW  STRENGTH 

It  is  apparent  that  the  composite  flow  strength  decreases  with  increasing 
particle  size,  independent  of  the  testing  mode.  To  understand  the  size  c  *'  ct,  it  is 
recognized  that  continuum  analysis  of  the  composite  flow  strength  predicts  size 
independent  behavior.  However,  it  is  also  appreciated  that  damage  in  the  form  of 
particle  cracking  and  inlerfacial  debonding  degrades  the  flow  strength.'*  One 
interpretation  of  the  observed  flow  characteristics  thi>5  invokes  unique  flow 
strength  behavior  irt  the  absence  of  damage,  with  deviations  occuring  as  damage 
accumulates  in  the  material.  Qualitative  support  for  this  hypothesis  is  given  by  the 
observations  of  damage  and  the  strains  at  which  damage  initiates  (Fig.  10).  Notably, 
particle  cracking  is  most  prevalent  and  initiates  earlier  in  materials  with  larger 
particles.  Further  support  for  the  effects  of  damage  is  provided  below. 

The  level  of  the  flow  strength  of  undamaged  material  is  sut  tantially  above 
that  for  the  matrix.  Specifically,  by  taking  account  of  the  differences  in  matrix  flow 
strength  in  the  composite  and  in  the  bulk  alloy,  the  strength  ratio 
(composite/inatrix)  is  ~  4.  Such  large  strengths  are  not  consistent  with  calculations 
of  the  composite  flow  strength  conducted  for  regular  arrays  of  equiaxed  rigid 
particles,  which  indicate  a  strength  ratio  of  only  1.5  for  the  present  volume  fraction 
f/p  =  0.5).5  However,  the  spatial  arrangement  has  a  profound  effect  on  the  flow 
strength,  because  of  the  high  constraint  present  between  closely  spaced  particles. 
One  possible  explanation  of  the  high  strength  fhus  resides  in  the  specific  spatial 
arrangements  and  the  associated  level  of  connvectivity  between  closely  spaced 
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particles.  To  further  explore  this  possibility.  It  is  insightful  to  invoke  the  Frandtl 
soluljon  for  a  perfectly  plastic  layer  between  rigid  plates  which  predicts  a  flow 
strength,  q,  given  by,^ 

o/cr,  =  3/4  +  V4(R/h)  (1) 

where  <^0  is  the  uniaxial  yield  strength  of  the  matrix,  2h  is  the  metal  layer  thickness 
between  particles  and  2R  is  the  plate  width  (Fig.  11).  Consequently,  to  achieve  the 
measured  strength  level  (of  order  4<Jo)/  the  metal  layer  thickness  that  controls  the 
composite  behavior  should  be 

h/R  =  0.08  ^2) 

Matrix  regions  of  this  thickness  are  certainly  common  (Fig.  2),  but  it  is  unclear  why 
such  regions  should  dominate  the  strength. 

4.2  EFFECTS  OF  DAMAGE 

To  further  examine  the  influence  of  damage  on  the  flow  strength,  a  solution 
for  the  strain  caused  by  penny-shaped  microcracks  in  a  power  law  material  may  be 
invoked.7  This  solution  has  reasonable  applicability  to  the  present  problem  of 
aacked  particles,  because  most  of  the  plastic  strain  develops  around  the  crack 
perimeter.  Specifically,  for  a  aack  subject  to  axial  and  transverse  stresses  and 
C^T,  respectively,  the  volume  of  the  miaoaack  AV  is; 


where  N  is  the  work  hatJening  exponent  for  a  power  law  hard.ining  material: 
0  =  Oq  (e/So)  ,  a  is  the  cra:k  radius  and  e7  is  the  remote  (applied)  equivalent 
plastic  strain.  When  multiple  aligned  cracks  are  present,  t  per  unit  volume,  the 
dilatational  strain  Ois  then. 


0  =  /AV 


(4) 


Furthermore,  using  the  conventional  notation  for  the  "volume  fraction"  of 
miCTOcracks,  k,  given  by,® 

5  =  (4,./3)(a^)< 

« 

■ 

the  dilatational  strain  becomes; 


fi/p~  -  gs 

'  '  "  n(l  +  3N)'^  h-o, 


(6) 


For  uniaxial  tension  (gj  =  0),  equation  (6)  reduces  to; 

where  6ii  is  the  applied  strain.  In  the  present  problem  the  quantity  ^  can  be 
associated  with  the  volume  fraction  of  cracked  particles.  Furthermore,  since  all  of 
the  strain  caused  by  the  miCToaacks  occurs  in  the  direction  of  the  applied  strain,  6  in 
equation  (7)  can  be  viewed  the  extra  axial  plastic  strain  induced  by  the 
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microcracked  particles.  For  the  present  case,  N  -  0.1  and,  it  all  the  particles 
mlCTOcrack,  ^  -  0.5,  then; 

O/eH  «  0.84. 

Consequently,  substantial  additional  strain  is  possible.  Some  results  for  different  | , 
representing  different  fractions  of  cracked  particles,  are  shown  in  Fig.  12. 

4.3  FRACTURE  STRENGTH  AND  DUCTILITY 

Strong  effects  of  both  particle  size  and  applied  loading  on  the  ultimate 
strength  and  ductility  are  evident  (Fig.  7).  The  trend  in  tensile  ductility  with  particle 
size  is  related  to  the  effect  of  size  on  the  incidence  and  coalescence  of  damage. 
Specifically,  the  aacks  that  form  rather  readily  in  the  larger-sized  particles  result  in 
reduced  ductility,  whereas  the  smaller  SiC  particles  resist  cracking  and  provide 
greater  ductility.  Since  the  stresses  in  the  particles  are  independent  of  particle  size, 
these  trends  reflect  the  strength  characteristics  of  the  particles.  The  most  obvious 
size  effect  derives  from  weakest  link  statistics.®  Notably,  for  particles  subject  to 
homogeneous  stress  S  having  behavior  dominated  by  surface  flaws,  the  fracture 
probability  P  at  stress  S  varies  as; 

-;n(l-p)  =  (S/S„)"(rVa„)  (5, 

where  Sq  and  are  scale  parameters  and  m  is  a  shape  parameter  that  characterizes 
the  flaw  population:  R  is  the  particle  radius.  The  size  scaling  associated  with 
particle  crack  formation  thus  has  the  form,  S  ~  (1  /  R)  '  _ 
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Another  size  effect  arises  because  the  aacks  formed  havt  size  governed  by  the 
particle  size.  A  fracture  model  involving  cracked  particles  that  has  the  requisite 
basic  features  invokes  a  craejk  comprising  multiple,  contiguous  fractured  particles, 
will;  intact  intervening  matrix  (Pig.  13).  For  this  model,  the  onset  of  unstable 
fracture  occurs  in  accordance  with  a  mode  I  toughness,  Kjq  varies  in 

approximate  accordance  with,'® 


1/2 


(10) 


where  is  the  toughness  associated  with  a  crack  without  bridging  ductile 
material,  a  is  the  traction  exerted  on  the  aack  by  the  intact  ductile  ligaments,  is 
the  critical  plastic  stretch  of  the  ligaments,  is  the  matrix  volume  fraction  and  E 
and  v  are  the  modulus  and  Poisson's  ratio  of  the  composite.  The  fracture  stress  T 
is  related  to  Kjc  by; 

T  =  -y/F  Kic  /  2-y/^ 


where  *10  is  the  crack  radius  at  fracture.  The  crilicat  aack  radius  is  governed  by  the 
number  of  contiguous  cracked  particles,  n,  and  the  particle  fraction,  /p  (“  ^  ~  /m)^ 
such  that, 


ae  /  R  =  vr  /  /p'« 


(12) 


Consequently,  the  fracture  stress  becomes. 
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The  occurrence  of  /p  in  the  numerator  reflects  the  feature  that  fewer  cracked 
particles  arc  needed  to  produce  a  crack  of  spuciTiid  radius,  when  /  is  small. 

The  two  preceding  size  dependent  features  can  be  combined  to  provide  «n 
estimation  of  the  tendency  for  particle  cracks  to  form  in  neighboring  particles  and 
thus,  to  establish  some  basic  characteristics  of  the  fracture  process.  At  the  very 
simplest  level,  it  may  be  assumed  that  particle  cracking  occurs  in  a  statistically 
independent  manner  (i.e.,  no  interaction  effects).  Results  of  this  type  have 
previously  been  developed  for  microcracks  and  creep  cracks.^ xhc  analysis 
presented  in  Appendix  II  indicates  that  n  is  a  weak,  logarithmic  function  of  the 
strain,  the  volume  fraction  of  particles  and  the  specimen  volume.  Consequently, 
the  dominant  non-dimensional  parameter  is,  ^  ^  ^IC  The  variation  in 

composite  fracture  stress  T  with  particle  size  R  measured  in  this  study  (Fig.  7)  indeed 
varies  as  ~  Vr  . 

5.  CONCLUDING  REMARKS 

The  experimental  measurements  and  observations  have  highlighted  the 
influence  of  damage  on  the  flow  properties  of  the  composites  as  well  as  on  their 
ultimate  strength  and  ductility.  An  important  influence  of  damage  has  also  been 
identified  in  previous  studies  of  the  effect  of  superimposed  pressure.^  Various 
forms  of  damage  are  possible,  but  the  present  studies  have  emphasized  particle 
inaeases.  The  cracking  encourages  additional  plastic  strain  in  the  matrix  and  can 
lead  to  appreciable  softening  of  the  material.  This  effect  has  been  proposed  as  the 
principal  origin  of  the  lower  flow  strength  of  the  material  containing  the  larger 


particles.  Cracks  in  particles  have  also  been  shown  to  coalesce  and  produce  a 
n>aaoscop«c  crack  bridged  by  segments  of  the  ductile  malri.x.  The  unstable  growth  of 
this  crack  occurs  at  the  ultimate  strength  and  governs  the  ductility  of  the  composite. 
Tentative  models  for  this  process  have  been  provided. 

Finally,  it  is  appreciated  that  the  dominant  mode  of  damage  and  its  role  in 
flow  and  fracture  is  influenced  by  the  matrix  strength  and  ductility.  The  present 
results  and  interpretations  refer  to  a  low  strength,  high  ductility  matrix.  Transitions 
in  damage  mode  and  in  the  failure  criticality  are  expected  when  higher  strength,  low 
ductility  matrices  are  used. 
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APPENDIX  I 


TRUE  FRACTURE  STRESSES  IN  FLEXURE 

The  Iruo  stress  CTj  on  the  tensile  face  of  a  plastically  deforming  flexure 
specimen  can  be  estimated  by  assuming  that  the  axial  strain  varies  linearly  across 
the  beam  section  and  that  the  material  exhibits  no  strength  differential  effect  i.e.  the 
tensile  and  compressive  flow  curves  are  identical.  In  this  case  the  applied  bending 
moment,  M,  is  given  byl^: 


2M 

BD- 


1  fit — 

-Tf  aeae 


(Ai) 


where  B  is  the  specimen  thickness,  D  is  the  specimen  height,  Ei  is  the  strain  on  the 
tensile  face,  and  the  flow  stress  o  is  assumed  to  obey  power  law  hardening. 
Integrating  equation  (Al)  gives, 

2M  ^  q, 

BD”  N  +  2  (A2) 


The  corresponding  nominal  stress,  S,  derived  from  a  linear  elastic  analysis  is, 

S  =  — 

BB^  (A3) 

Comparison  of  equation  (.'V2)  and  (A3)  leads  to  the  result, 

Gf  __  2  +  N 

S  “  3  (A4) 
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For  the  materials  examined  in- this  study  N  »  0.1  and  thus 


APPENDIX  II 


PROBABILISTIC  ASPECTS  OF  PARTICLE  CRACKING 

The  probability  d)  that  n  aackcd  particles  will  be  contiguour  within  a  gauge 
section  volume  Y  is 

*=/p""''’-(V/R=)[l/2-  l/;np]-' 


The  full  solution  ;  the  fracture  problem  described  by  equations  (9)  and  (Bl)  is 
unwieldly.  Physically  insightful  trends,  suitable  for  present  purposes,  can  be 
elucidated  by  regarding  P  as  relatively  small  (p  <  0.2)  and  n  as  relatively  large  (n  > 
10),  whereupon  equation;  (9)  and  (Bl)  combine  to  give; 


d)  s 


(B2) 


To  facilitate  application  of  this  result,  it  is  convenient  to  e.'<press  it  in  terms  of  the 
stress  dependence  of  the  number  of  contiguous  cracked  particles,  at  a  fixed 
probability  level;  whereupon. 


log 

R^d) 

/pV  {-2n[(S/Sp)'"  RV  Ap]} 

log[(S/S„)”RVA„ 

(B3) 
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The  logarithmic  dependence  on  the  variables  indicates  that  K  is  relatively  btvariant 
and  can  be  regarded  as  approximately  constant  in  equation  (13). 
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Fig.  1  A  schematic  diagram  o£  the  squeeze  casting  process. 

Fig.  2  Miaostructurcs  of  as-cast  composites  containing  SIC  particulatcs/  (a) 
ISOpm  and  (b)  13  pm  in  size. 

Fig.  3  Effects  of  particle  size  on  the  compressive  stress-strain  behavior. 

Fig.  4  (a)  Transverse  section  of  a  compressed  specimen  containing  coarse  SiC 

particles,  (b)  Longitudinal  section  of  a  composite  conhiining  small 
particles.  Both  specimens  were  subjected  to  a  compressive  strain  of 
3.5%.  The  compression  axis  is  vertical  in  (b). 

Fig.  5  Tensile  test  specimen.  Dimension  arc  in  mm. 

Fig.  6  Typical  tensile  stress-strain  curves  for  composites  containing  large  and 
small  particles. 

Fig.  7  Effects  of  particle  size  on  (a)  ultimate  strength  and  (b)  ductility  in 
tensile  and  flexure  tests. 

Fig.  8  Fracture  surfaces  of  composites  containing  (a)  160jim  and  (b)  13pm  SiC 
particulatcs.  The  large  particles  cracky  whereas  the  smaller  ones  exhibit 
both  aacking  and  debonding.  The  fine  dimples  in  (b)  are  a  result  of 
particle-matrix  debonding,  (c)  Crack  propagation  in  a  flexure  specimen 
of  material  containing  13pm  particles  ,  again  showing  both  particle 
cracking  and  debonding. 

Fig.  9  Typical  nominal  tensile  stress-strain  curves  obtained  from  four-point 
flexure  tests. 

Fig.  10  Miaographs  showing  the  propagation  of  particle  cracking  on  the 
tensile  face  of  a  flexural  specimen,  (a)  and  (b)  are  identical  regions  at 
nominal  stresses  of  120  and  270  MPa,  respectively.  The  arrows  in  (b) 
show  cracks  which  were  not  present  in  (a),  (c)  An  SEM  view  of  the 
tensile  face  immediately  before  fracture  showing  linking  of  particle 
cracks. 

Fig.  11  A  schematic  diagram  showing  the  stress-strain  characteristics  of  a  thin 
metal  layer  sandwiched  between  rigid  plates. 

Fig.  12  A  diagram  showing  the  effect  of  the  volume  fraction  of  cracked 
particles,  on  the  plastic  flow  behavior  of  a  metal-matrix  composite. 
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A  schematic  diagram  showing  the  evolution  and  coalescence  of 
damage  during  plastic  straining  of  a  particulate-reinforced  composite. 


Fig.  2 


Microstructures  of  as-cast  composites  containing  SiC  particulates,  (a) 
160nm  and  (b)  13  pm  in  size. 


Compressive  Flow  Stress  (MPa) 


Fig.  3 


Effects  of  particle  size  on  the  compressive  stress-strain  behavior. 
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Fig.  4  (a)  Transverse  section  of  a  compressed  specimen  containing  coarse  SiC 

particles,  (b)  Longitudinal  section  of  a  composite  containing  small 
particles.  Both  spedmens  were  subjected  to  a  compressive  strain  of 
3.5%.  The  compression  axis  is  vertical  in  Gj). 
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Fig.  5  Tensile  test  specimen 
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Typical  tensile  stress-strain  ct»rves  for  composi 
small  particles. 
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Fracture  Strain 


Fig.  7 


(b) 


Eflecls  of  particle  si£t  on  (a)  ultimate  strength  and  (b)  ductility  in 
tensile  and  flexure  tests. 


(b) 


Fracture  surfaces  of  composites  containing  (a)  160pm  and  (b)  13pm  SiC 
particulates.  The  large  particles  aack,  whereas  the  smaller  ones  exhibit 
both  CTacking  and  debonding.  The  fine  dimples  in  (b)  are  a  result  of 
particle-matrix  debonding,  (c)  Crack  propagation  in  a  flexure  specimen 
of  material  containing  13pm  particles  ,  again  showing  both  particle 
aacking  and  debonding. 
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Fig.  9 


Typical  nominal  tensile  stress-strain  curves  obtained  from  four-point 
flexure  tests. 


(b) 


(c) 


Fig.  10  Micrographs  showing  the  propagation  of  particle  cracking  on  the 
tensile  face  of  a  flexural  specimen,  (a)  and  (b)  are  identical  regions  at 
nominal  stresses  of  120  and  270  MPa,  respectively.  The  arrows  in  (b) 
show  aacks  which  were  not  present  in  (a),  (c)  An  SEM  view  of  the 
tensile  face  immediately  before  fracture  showing  linking  of  particle 
CTacks. 
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Fig.  11  A  schematic  diagram  showing  the  stress-strain  characteristics  of  a  thin 
metal  layer  sandwiched  between  rigid  plates. 
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Fig.  12  A  diagram  showing  the  effect  of  the  volume  fracHon  of  cracked 
particies,  on  the  piasSc  flow  behavior  of  a  metal-maWx  composite. 
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Fig.  13 


A  schematic  diagram  showing  the  evolution  and  coalescence  of 
damage  during  plastic  straining  of  a  particulate-reinforced  composite. 
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I.  INTHODUCnON 


Ceramics  are  typically  capable  of  withstanding  higher  temperatures  than 
other  materials.  Hence,  there  is  substantial  interest  in  such  materials  for  heat 
engines  [1,2],  bearings  [3].  etc.  However,  high  temperature  degradation 
phenomena  exist  that  influence  performance  and  reliability.  The  important 
degradation  processes  include:  creep  [4],  creep  rupture  [5,6],  flaw  generation 
[7],  diminished  toughness  [8]  and  microstructural  instability  [9].  The 
fundamental  principles  associated  with  some  of  these  degradation  phenome* 
na  are  reviewed,  and  prospects  for  counteracting  the  prevalent  mechanisms 
are  discussed. 

The  strength  of  a  ceramic  typically  diminishes  at  elevated  temperatures 
(Fig.  1),  initially  owing  to  the  diminished  potency  of  toughening 
mechanisms'  [8]  and  subsequently,  following  the  onset  of  creep  [1 1].  The 

'Ceramic  composites  that  eihibit  nMch  msensiiiviiy  at  lower  icmpetaiures  can  alto 
eapericnct  a  lemperalure  liependent  IransiUon  to  notch  tentilivtiy  [10]. 
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A.  a  tVAHi  ASO  ».  i  DALULCUtt 


fic.  I.  A  Ki^nuifc  ttluiKaiiflji  itcmSi  m  lUcnfth  v>iih  icm(><»iufc  ih«  ircmii  ai  td«tr 
Icmptniuic.  in  th<  bnit!«  (ar.|«.  tciicct  ihc  icmp<ntuf  c  tStputitote  of  ih<  lou^hflcit.  thciKoJi 
if  ht|h  umf<n>y>c  mvoI«t  emp  and  vtt«p  (upiart 

degradation  mechanisms  that  operate  at  the  highest  temperatures— in  the 
creep  regime— arc  emphasized  in  this  article.  A  dominant  microstructural 
consideration  with  regard  to  elevated  temperature  behavior  is  the  existence  of 
a  grain  boundary  phase  [9],  Such  phases  typially  remain  after  liquid  phase 
sintering  and,  frequently,  are  amorphous  and  silicatc'based.  The  second 
phase  constitutes  a  vehicle  for  rapid  mass  transport  and  dominates  the  creep 
[12],  creep  rupture  [13]  and  oxidation  [9]  properties,  as  well  as  the 
microstructural  stability.  The  grain  sl:e  constitutes  another  important  micro* 
structural  parameter,  by  virtue  of  its  inlluence  on  the  diffusion  length  and  on 
the  path  density.  Amoqihous  phase  and  gram  size  effects  are  thus  emphasized 
in  subsequent  discussions  of  microstructural  influences  on  high  temperature 
properties. 

liie  high  temperature  phenomenon  that,  in  the  broadest  sense,  has 
overwhelming  practical  significance’  is  the  existence  of  a  iransltion  between 
creep  brittleness  and  creep  duciltliy  [5,6]  (Fig.  2a.b).  Fracture  in  the  creep 
ductile  regime  occurs  at  large  strains  (e  ?  0.1,  Fig.  2c),  in  excess  of  allowable 
strains  in  typical  components.  Consequently,  when  creep  ductile  behavior 
obtains  creep  rupture  is  not  normally  a  limiting  material  property.  The 
current  ariide  thus  emphasizes  the  material  parameters  that  govern  the 
brittlc'to-ductile  transition.  However,  it  is  recognized  that  this  transition  may 
not  occur  within  a  practical  range  in  materials  having  undesirable  micro¬ 
structures.  The  emphasis  regarding  microstructural  design  would  thus  differ 

’  Eipecully  for  ippliaiioni  Ihii  silow  only  timiicd  ilimeniionnl  chinfet  dunni  operation 
such  IS  co|in«  components. 


‘kL  ‘b_  t 


\'  \ 


(<.  U.  Tcmpcriiurt  litpcaiknt  iKiKit  in  flow  and  fractutt  ttmUni  o(  bniik  and  ductik 
bchavyer 


ric.  2b.  The  diflerini  fraciure  behavtan  in  ihe  cittp  brink  (A)  and  creep  ductile  (B)  retimca. 
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iA<ni>c  in  (vp(u»  iinffl  ihit  3ceo(r.{unKi  ih«  inntumn  tKionn  anp 
briiit(ftci«  and  emp  tlvniliiy.  Dm  for  AltOj. 


from  those  presented  in  this  article.  Finally,  some  preliminary  remarks  and 
speculations  regarding  the  influence  of  reinforcements,  such  as  whiskers  and 
fibers,  on  the  high  temperature  performance  are  presented. 


It.  a£Ef  DUenUTY 

The  transition  to  creep  ductility  represents,  at  the  simplest  level,  a 
competition  between  flow  and  fracture,  and  thus,  occurs  when  the  flow  stress 
becomes  smaller  than  the  stress  needed  to  induce  the  unstable  extension  of 
cracks  (Fig.  23).  At  a  more  sophisticated  level,  it  is  necessary  to  specify  the 
flow  and  fracture  characteristics,  subject  to  the  imposed  loading.  The  Jhw  in 
flne-grained  materials  is  supposedly  governed  by  diffusional  creep  and  can 
usually  be  represented  by  a  viscosity  [4] 

kTi' 

''  “  D6(l  +  D/JD5^ 

where  t'  is  the  grain  size,  D,  is  the  lattice  diffusivity,  Q  the  atomic  volume  and 
DS  is  the  diffusion  parameter  pertinent  to  either  the  grain  boundary,  D^S^,  or 
the  grain  boundary  phase,  D,5o.  Some  complicating  effects  occur  in  very  fine 


31.  TtffifttiMytt  ef  Cttmm  tinhi  Ottmuc  "0 1 


|rai«Kd  RiaKmii.  insoliini  nonltnc^my  at  idw  itKiici  [14].  Such  are 
mi  hut  arc  prcjurncd  to  teUtc  id  sireu  tk^rwkn:  interface 

limited  phenomena  t^uch  aj  irain  bdundary  siniirii).  Ndnlincartiiea  are  alto 
encduntrcfcd  m  lisuai  (ihaic  iinicreii  l}‘iiems  [1^,16]  aiain  i;»r  reaiont  not 
yctapparciiL 

Tl'^  pertinent  /raciyf*  proeciM  are  mdic  cdmpka.  The  fracture  parameter 
tccm!n$l>‘  haxing  the  trcateti  rckt^nee  to  the  hriiilc*io^u«iiie  irantiiion  it 
the  ihrethoU  ^trett  inicntiiy.  that  diciatet  the  ontei  of  crack  blunting  [6] 

iFig.  }).  Speciikally,  at  tifcts  inicntti.'ci  below  K,^,  crack  growth  it  prohi* 
bilcti.  whereupon  creep  ii^tctiltiy  it  atiured  f  Fig.  2a).  A  conKrvaiite  enterion 
for  creep  ductility  it  ihut  o'utaincii  by  applying  the  inc<tuaiity 


V  «  V  ” 


where  u  it  the  radiut  of  the  target!  crack  that  cither  prc>ejiitit  or  may  be 
nucleated  by  hcterogencout  creep,  oxidation,  etc,  and  it  the  dctign  tirett. 


hc.X  A  KhAMlic  Uluiiriiinf  llic  ntitTialiMd  ibptiiOcncc  orWili  Mmptniun  cnek  p o«ih 
ni(,  A  on  iiKM  Iniiuiti'y,  >C.  ikowini  ',1m  dilicnni  it|Mnu  oT  cnck  gramth. 
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A,  a  mss  AKo  n  i  imicluih 


Howcm.  t(  il  alto  rtcotntMd  (hat  the  permiiiibk  creep  strain  e*  must  not  be 
c«e<e<k<i  within  (he  lifetrme,  t*,  rcs>>l(ing  in  a  second  cdtcHon, 

1?^  0) 

The  tncqualitics  of  Eqs<  (2)  a^id  (3)  must  >  be  satisikd  in  ortkr  to  assure 
adequate  creep  performance.  Further  prO|rcss  thus  requires  appreciation  of 
the  creep  crack  growth  threshold,  as  wtli  as  an  understaiWinf  of  (he 
dominant  high  temperature  flaws. 

In  some  material  significant  creep  crack  growth  is  not  encountered  before 
(he  ductility  transition.  For  such  materials,  the  critical  stress  intensuy.  Af,  is 
presumed  to  be  the  relevant  fracture  parameter,  replacing  in  Eq.  (2l 
Consequently,  K,  at  elevated  temperatures  is  also  afforded  consideration. 


m.  cittp  auck  caowTK 


A.  Cmp  Crack  Crowds  ^SacharsiMiia 


The  basis  for  compfchending  creep  crack  growth  mochanltmt  it  (he 
charKtff  of  (he  crack  lip  when  diffusion  operates,  at  elevated  temperatures. 
At  such  temperatures,  chemical  potential  continuity  and  force  equilibrium 
arc  demanded  at  the  crack  tip  CI7]<  Hence,  since  cracks  arc  typially 
intergranular  at  high  temperatures  C^AIS]  the  crack  tip  must  be  partially 
blunt  (Fig.  4)  in  order  to  satisfy  (he  equilib.’fum  relations  [17], 

y*  ■  2y,  cot  d 

’  ^  (4) 

y.  -  <^0 

where  \fr  is  (he  dihedral  angle,  y»  and  7,  art  the  grain  boundary  and  surface 
energies,  respectively,  icg  is  (he  surface  curvature  at  (be  crack  (Ip  and  «« is  the 
normal  streu  on  the  grain  boundary  at  the  tip  intersection.  The  resultant  (ip 
configuration,  as  well  as  (he  corrcr.ponding  crack  tip  field  arc  very  diflerent 
from  (hose  associated  with  the  sharp  cracks  involved  in  brittle  fracture. 
Consequently,  the  conditions  for  extension  of  (he  crack  cannot  be  readily 
ttiaied  (0  the  ambient  fracture  toughneu.  Instead,  the  crack  growth  mcchan* 
isms  involve  the  removal  of  material  from  (he  crack  tip  region  (by  diffusion  or 
viscous  flow),  resulting  in  (he  creation  of  new  crack  surface;  Two  categories  of 
such  mechanisms  typically  dominate:  direct  extension  mechanisms  thf  i  entail 
matter  transport  over  relatively  large  distances  [17,18]  (Fig.  4a),  and  doimige 
mtehuiisms  that  Involve  small  scale  mass  transport  within  a  zone  directly 
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f<. «,  SiUmtiit  iSmintiat  ih«  cniA  ih«  mxu 

l«>fh  ic«M$itnii>»  emf  cnck  ffv»<K,ri;)  *i<r«n  tiitniM  iMcttMiM,  ib| 
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ahead  of  the  enek  tip  [9, 20]  (Fig.  4bi.  However,  the  mechanitlie  deiaiU  are 
acntiiive  to  varioui  aspects  of  the  mterosirveture. 

Creep  crack  growih  rates  in  ceramics  that  exhibit  Newtonian  behavior 
typically  satisfy  the  non'dimcnsional  form: 

K!<tiy/L»  F(M)  15) 

v.'hcrc  L  is  a  charac'eristic  length  for  grain  boundary  diffusion,  and  F  is  a 
function  of  >jrioui  rr.-crottructurai  features,  such  as  grain  size  and  cavity 
spacing.  Topically,  both  and  L  depend  on  crack  velocity,  resulting  in 
non*l!near  crack  growth  rates 

(6) 

where  dg  and  n  are  material  Knsitive  cOefti^ietits.  In  particular,  the  magnitude 
of  <1  depends  sensitively  on  the  dominant  mechanism  and  the  choice  of 
boundary  conditions.  Selection  of  conditions  that  pertain  to  the  actual  crack 
growth  problem  of  interest  is  thus  acruaal  aspect  of  comparing  crack  growth 
measurements  with  predictions. 

In  some  materials,  especially  those  containing  amorphous  phases,  intact 
lieaments  of  amorphous  material  remain  behind  the  crack  tip  [16]  (Fig,  S). 
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ric.  ^  Amorphout  lipmntt  Uhtml  (tie  crKk  up.  (a)  obKtv^liont  lot  Al|0).  S<0, 

These  lipmenis  enforce  crack  surface  tractions  that  reduce  the  tip  K  and 
thus  impede  crack  growth.  Such  wake  cifects  need  to  be  Incorporated  into 
generalized  models  of  creep  cack  growth.  Some  of  the  relevant  models  and 
the  assodated  conditions  are  described  below. 

r  Ostrcr&rrvpavAtroMMSMf 

Direct  crack  extension  involves  the  mass  flow  depicted  in  Fig.  43.  The  flux 
within  the  crack  is  directed  toward  the  tip.  while  the  local  grain  boundary  flux 
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nonlirKAf  funeUon  of  K,du<  (o  the  nonliiKar  relaiton  bct*«n  crack  vclocHy 
and  the  prcdominani  diflfution  icn|(hs  [c.^^  L  in  Uq.  (5)]. 

Operation  of  the  abov'c  mcehaniMn  in  pol)‘cryiialt  it  rettricicd  by  the 
abtliiy  of  crackt  to  circum\-cnt  tr^in  junetiont.  Specifically,  when  the  crack 
doet  not  contain  a  wetting  fluid,  the  dihedral  angie,  it  large,  and 
tubttaniial  matt  flow  it  nei^  to  achie^t  crack  eatention  acrott  a  grain 
junction.  Contequently,  only  the  reUtiwly  narrow  crackt  that  arc  obtained 
at  higher  velocitiet  extend  by  thil  mechanitm.  Hewe«r,  when  a  wetting  fluid 
it  located  in  the  crack,  (d  —  0  or  r/  >•  •)>  (he  crack  can  remain  at  a  narrow 
entity  tlfi],ex‘cn  at  low  velocttici,  and  extend  beyond  the  grain  junction.  For 
thlt  rcaton,  a  wetting  fluid  may  be  regarded  at  a  prime  source  of  high 
temperature  stress  corrosion. 

Nlatcn’alt  that  contain  a  coniinuout  amorphous  phase  may  be  su^ct  to 
an  alternative  direct  crack  advance  mechanitm  ([13].  In  this  intianee.  an 
amorphous  phase  meniseut  at  the  crack  tip  tFig.  6)  simply  extends  along  the 
grain  boundary,  causing  the  crack  to  grow,  and  leaving  amorphous  material 
on  the  crack  surface.  Analysis  of  this  process  has  been  conducted  subject  to 
the  conditions;  the  amor^out  phaK  is  thin,  the  grain  displacements  are 
discretized  by  the  sliding  of  grain  boundaries  ahead  to  the  crack  and  such 
displacements  are  accommodated  by  vikous  creep  of  the  surrounding  solid. 
Then,  crack  growth  it  highly  constrained  and  the  crKk  growth  rate  hat  the 
form  [13] 

A  »  /ft\ 

where  i  is  now  the  amorphous  phtM  (hkkncai  (the  subsenpts  0  and  c  refer, 
respectively  to  the  initial  value  and  the  value  when  the  grains  at  the  crack  lip 
separate).  Unfortunately,  it  is  not  possible  to  compart  Eq.  (9)  with  Eq.  (3), 
bMause  of  the  vtry  diffiereni  material  responses  used  to  deriv'c  the  results. 


Sic.  i.  A  iMcfctnUm  of emp  cnck  growih  ia  miuraU  ikai  coaixin  x  Ikw  amorphoM  gnin 
bouadxry  phMc. 
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nonlinMf  funci!«in  of  K.  due  lo  the  nonlinear  rclaiton  bcw-ccn  ersek  velocity 
and  the  prctlominant  diffusion  lengths  [&g^  L  in  Eq.  (5)}. 

Operation  of  the  above  mechanism  in  poly'crystals  is  restricted  by  the 
ability  of  cracks  to  circumvxnt  gram  junctions.  Spccincally.  when  the  crack 
docs  not  contain  a  weeding  fluid,  the  dihedral  angle,  is  large,  and 
substantial  mass  flow  is  needed  to  achieve  crack  extension  across  a  gram 
junction.  Consequently,  only  the  relatively  narrow  cracks  that  ore  obtained 
at  higher  velocities  extend  by  this  mechanism.  Howcv'cr.  when  a  wetting  fluid 
is  located  in  the  crack,  {^  ~  0  or  the  crack  an  remain  ns  a  narrow 

entity  [IS],  even  at  low  velocities,  and  extend  beyond  the  gram  junction.  For 
this  reason,  a  wetting  fluid  may  be  regarded  as  a  prime  source  of  high 
temperature  stress  corrosion, 

Matcn'als  that  contain  a  continuous  amorphous  phase  may  be  subject  to 
an  altcrnativx  direct  crack  advance  mechanism  [13]  In  this  instance,  an 
amorphous  phase  meniscus  at  the  crack  lip  i  Fig.  6)  simply  extends  along  the 
gr.iin  boundary,  causing  the  crack  to  grow,  and  leaving  amorphous  material 
on  the  crack  surface.  Analysts  of  this  process  has  been  conducted  subject  to 
the  conditions;  the  amorphous  phase  is  thin,  the  gram  displacements  are 
discretized  by  the  sliding  of  gram  boundaries  ahead  to  the  crack  and  such 
displacements  arc  accommodated  by  viscous  creep  of  the  surrounding  solid. 
Then,  crack  growth  is  highly  constrained  and  the  crack  growth  rate  has  the 
form  [13] 


where  J  is  now  the  amorphous  phase  thickness  (the  subscripts  0  and  e  refer, 
respectively  to  the  initial  value  and  the  value  when  the  grains  at  the  crack  tip 
separate).  Unfortunately,  it  ts  not  possible  to  compare  Eq.  (9)  with  Eq.  (S). 
because  of  the  very  different  material  responses  used  to  derive  the  results. 


ftc-L  A  mcehtnUm  of  creep  cncic  {rowih  in  maieniU  ihal  contain  a  Ihin  amorphous  gram 
boundary  phase. 
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r<e.  7.  A  KhcmatK  tllutinimg  the  dimaie  mcehiniim  of cnek  grbwili. 


Neverihcless,  it  is  noicworihy  that  the  crack  velocity  in  Eq.  (9)  is  Insensitive 
to  the  thickness  of  the  second  phase,  Sq,  but  strongly  dependent  on  grain  size. 

2.  OMua  ^uoufJSMS 

The  prcvalanl  mechanism  of  damage  enhanced  crack  growth  involves  the 
nucicatton  and  growth  of  cavities  on  gram  boundaries  in  a  damage  zone 
ahead  of  the  crack  [19,20]  (Fig.  7).  The  stress  on  the  damage  zone  motivates 
growth  of  the  cavities,  once  nucleated.  Consequently,  the  crack  progresses 
when  the  damage  coalesces  on  those  grain  facets  continuous  with  the  crack. 
The  growth  of  the  cavities  in  the  damage  zone  generally  causes  displacements 
that  modify  the  stress  field  ahead  of  the  crack  [20]  (c.f.  Fig.  4a).  Determina¬ 
tion  of  the  crack  growth  rales  thus  requires  solution  of  simultaneous  relations 
for  the  cavity  growth  rale  (as  determined  by  the  resultant  normal  stress)  and 
the  stresses  (as  dictated  by  the  displacements  induced  by  cavity  growth).  Such 
calculations  have  been  conducted  for  a  rlicous  solid  [13,20].  Then,  when  the 
damage  zone  is  large  (such  that  damage  growth  is  .'datively  unconstrained) 
the  steady-state  crack  growth  rate  has  the  form 
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fic.  1  A  companion  of  cfccp  crack  {tOHih  ram  mcaiurcd  for  Al|0|,  with  value*  prtiJictCi] 
by  the  Uamatc  mcchaniiiri. 


where  X  is  (he  spacing  between  cavities  in  the  damage  zone.  Nondinenr 
behavior  would  be  obtained  if  AY  were  dependent  on  crack  velocity.  Zone 
size  cfTecis  also  emerge,  and  alfect  (he  linearity,  when  the  zone  size  becomes 
small  [13], 

Comparison  of  the  above  crack  growth  rate  predictions  with  data  has  been 
achieved  by  using  independent  measurements  of  A  and  of  the  damage  zone 
size  obtained,  on  failed  specimens  [21]  (Fig.  8).  However,  a  full  predictiw 
capability  does  not  exist,  because  there  is  no  fundamental  understanding  of 
(he  effects  of  microstructurc  on  A.  Nevertheless,  certain  important  trends  are 
apparent.  In  particular,  (he  importance  of  the  grain  size,  diffusivity  and  cavity 
spacing  appear  explicitly  and  have  the  expected  influence  on  crack  growth 
rates.  When  an  amophous  phase  is  present  [20],  the  velocity  increases  by  //d, 
as  well  as  by  (he  increase  in  diffusivity 


3.  Miaiwast  R(a\<is 

Various  observations  and  predictions  suggest  (hat  the  direct  extension  and 
damage  mechanism  have  differing  realms  of  dominance.  Observations  of 
failed  specimens  [21]  have  revealed  (hat  cavitation  damage  exists  on  the 
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fic.  1  The  rnctuce  tutfece  morpholoiy  aceompanytni  creep  cnck  fiowih  in  AtjOj,  (a) 
tlow  irovtih  raici  10'*  mt*'}  indicaiini  cavitation  damaie.  (b)  rapid  propajaiion 
(d  $  10'*  int'')revealin|reaturelet<  (ram  boundary  facets. 

fractur:  surface  in  (he  region  of  slow  crack  growth  (Fig.  9a}.  By  contrast, 
rapid  propagation  is  accompanied  by  a  facetted  fracture  surface  (Fig.  9b). 
Such  observations  clearly  suggest  the  prevalence  of  damage  mechanisms  at 
(he  lower  crack  velocities.  Crack  growth  models  predict  similar  features  (Fig. 
3),  because  the  direct  cx(cn.Mon  mechanisms  have  a  larger  n  [Eq.  (6)],  owing 
to  additional  velocity  dependent  parameters  (notably,  the  crack  width).  This 
separation  of  the  regimes  of  relevance  has  significant  implications  for  two 
features  of  the  fracture  process:  the  crack  growth  threshold,  K,^,  and  the 
critical  stress  intensity  factor,  K„  as  discussed  in  the  subsequent  sections. 
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A.  ImcT  ef  Lka.^vms 

When  iniaci  ligaments  rem'^in  behind  the  crack  tip.  they  exert  forces  on  the 
crack  surface  that  tend  to  rc'iuec  the  tip  K  and  thus  dimmish  the  creep  crack 
growth  rate.  The  general  trends  can  be  conceived  from  a  simplified  analysis, 
depicted  in  Fig.  5,  based  on  observations  by  Wiederhorn  er  .if.  The 

Intact  regions  exert  tractions  that  depend  on  the  sine,  A  and  viscosity.  >;/,  of 
the  ligament  material.  The  corresponding  opening  rate  of  the  crack  surface  is 
governed  by  the  viscosity  of  the  body  and  the  resultant  tip  K.  Hence,  by 
utilizing  a  Dugdale  analysis,  it  can  be  readily  demonstrated  that  the  change  in 
K  provided  by  the  intact  ligaments  has  the  form, 

A/C  -  -/.«'/d)’(%»;K';0‘'*/C' '  (III 

where  d  is  the  spacing  between  ligaments  and  }.  is  a  constant  a  0.1.  Then,  the 
crack  growth  rate  may  be  related  to  the  applied  K,  by  combining  Eqs.  (6)  and 
(ID  within 

K^mK+AK  ti:) 

to  give  the  relation 

V  ifUl 

/c,  -  <J‘'*  +  d"  *’*«•  (13) 

"0  "0 

The  ligaments  thus  introduce  a  complex  dependence  between  crack  growth 
rate  and  stress  intensity.  Furthermore,  strong  elTects  on  crack  growth  rate  of 
the  viscosity  of  the  ligament  material  and  ligament  sine  and  sp.icing  arc 
apparent.  Ligament  effects  may  be  of  considerable  importance  in  the  near 
threshold  region  and  thus,  some  understanding  of  how  ligaments  form  is 
regarded  as  an  important  topic  for  future  research. 


B.  The  Threshold  Stress  Intensity 


The  considerations  of  the  preceding  sections  reveal  that  the  threshold 
represents  a  process  that  intervenes  while  crack  growth  is  occurring  by  a 
damage  mechanism  (Fig.  3).  It  thus  seems  appropriate  to  regard  the 
threshold  as  a  stress  intensity  level  that  inhibits  the  nucleation  of  damage  in 
the  crack  tip  region  [22].  For  a  viscoelastic  solid,  typical  of  most  ceramics, 
damage  inhibition  would  require  that  the  elastic  stress  on  the  first  grain 
boundary  facet  (as  modified  by  grain  boundary  sliding,  at  the  crack  tip)  be 
less  than  a  'critical'  stress  for  cavity  nucleation.  Indeed,  considerations  of 
cavity  nucleation  rates  [22]  indicate  that  crack  growth  can  be  nuiccation 
limited  (Fig.  10),  resulting  in  a  relatively  abrupt  decrease  in  the  crack  growth 
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fic.  10.  Prnlicict]  cnck  |ra>*lh  nin  when  a  «i>n»|c  nudcaiion  ilep  u  mearporateti, 
niMlifli  an  abrupt  ehan|e  in  behavior,  at  a  ‘ihrtahoM*  iireu  inieniii)',  K^- 

rate.  A  nucleation  limited  threshold  thus  seems  plausible,  with  the  threshold 
occurring  at  a  stress  intensity 

(Ma) 

where.  f(^)  ■  r’''(8.’:/3)'  *  [2-3  cos  +  cos*  tf']''*,  or  in  the  presence  of  an 
amorphous  phase, 

(14b) 

This  predicted  threshold  is  larger  than  values  observed  experimentally 
(probably  because  of  additional  stresses  induced  by  grain  boundary  sliding 
transients)  [22],  Nevertheless,  general  trends  in  K,i,  with  grain  size  and 
surface  energy  appear  to  be  in  accordance  with  the  limited  threshold  data 
available  in  the  literature.  Specifically,  the  threshold  is  apparently  lower  in 
mateiiais  having  a  fire  grain  size*  and  in  the  presence  of  an  amorphous  phase 

*  However,  It  II  nuiioned  that  iheelTcci  of  grain  me  on  vitcosiiy  iniroducei  some  subjeeiivtiy 
into  Ihe  inierpreiaiioft  of  gram  me  trends. 
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lhai  both  reduces  the  surface  energy  pertinent  to  damage  nucleatioiv  and 
allows  an  increase  in  the  characteristic  nuclcation  dimension  (do  replaces, 

Companson  of  Eq.  (H)  with  Eq.  (2)  reveals  the  explicit  Intlucnce  on  the 
duetilC'tO'britlle  transition  of  such  parameters  as  the  grain  size,  diffusivity. 
surface  energy,  dihedral  angle,  and  amorphous  phase  content.  In  particular, 
amorphous  phases  substantially  reduce  K.^  and  thus  encourage  creep 
brittleness  [13.23].  The  major  remaining  uncertainty  is  the  flow  size,  <1.  High 
temperature  flaws  are  discussed  in  the  following  sections. 


C  The  Crillcal  Stress  Intensity 

The  preceding  discussion  of  mechanism  regimes  suggests  that  unstable 
crack  growth  by  bond  rupture  is  most  likely  to  intervene  while  creep  crack 
growth  IS  proceeding  by  a  direct  extension  mechanism.  However,  the 
criterion  that  dictates  the  transition  is  unknown.  Furthermore,  in  most 
ceramic  materials,  high  temperature  stable,  slow  crack  growth  may  occur  at 
stress  intensities  substantially,  in  excess  of  the  ambient  Kf,  as  illustrated  in 
Fig.  3  [16.24],  This  phenomenon  reflects  the 'blunt*  character  of  the  crack  tip, 
during  creep  crack  growth,  its  elucidated  in  Section  HKA. 

Recognition  that  direct  creep  crack  extension  processes  arc  accompanied 
by  a  peak  tensile  stress,  9  at  a  distance  x,  ahead  of  the  crack  tip  (Fig.  4a) 
suggests  two  plausible  criteria  for  the  transition  to  brittle  propagation.  Either 
a  exceeds  the  stress  needed  to  nucleate  a  brittle  crack  at  X,  or  i  diminishes  to 
the  atomic  dimension.  Both  criteria  give  a  peak  stress  intensity,  R,  in  excess  of 
the  ambient  A',  (Fig.  3),  in  qualitative  accordance  with  the  previously  stated 
measurements  of  creep  crack  growth.  The  quantity  R  would  represent  the 
'critical  stress  intensity  factor*  measured  using  the  usual  fracture  mechanics 
techniques. 


IV.  HIGH  TtMf«ATU«6  RAWS 


Observations  of  fracture  origins  and  of  flaw  initiation  sites  at  high 
temperature  are  less  prevalent  than  those  available  at  lower  temperatures. 
Nevertheless,  present  evidence  [5,6]  strongly  infers  that  the  predominant 
high  temperature  flaws  are  generally  diflerent  than  the  flaws  that  dominate 
the  ambient  mechanical  strength.  In  particular,  flaws  arc  frequently  found  to 
originate  at  various  chemical  and  microstructural  heterogeneities  (Fig.  1 1),  as 
summarized  in  Table  I.  Such  regions  evolve  into  flaws,  cither  because  local 


fic.  11.  Seinntni  electron  micro|fiph»  of  lypial  M|h  lempeniurM  lii'fu 


TABLE  I 

OttoiKsor  High  TcMriii*mi  Fla^i 


|{i(h  Tempeniurc  Flew 

.Vlaicrial 

Litge  Gnlned 

Re|Ian 

Al,0„>d|0 

SiOB 

Amorphous  Zone 

AI,0»iM|0 

SiOB 

.Mjchmmi  Flaw 

Si,Nt  (all  alloys) 
SiC  (all  alloys) 
Al|0)  (all  alloys) 

Oiidalion  Pit 

S1,N<  (all  alloys) 

'BlocLy*  Heletoieneiiy 

AI]0^^tO] 

SijNj.MgO 

Chemical  Keiero|eneiiy 

ai,o»;MiO/NiO 

SiOAIjO, 
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^  fie.  «1  TkaiH  m  J»«i  inienttijf  v>ith  cfick  kntih.  ineotportHni;  the  l<s«l  (ftiUuil)  icfm. 
Ki.  and  ihe  appliftl  kfm.  K,,  ft«ilin|  the  citticncc  of »  mmtmum  X’,.  Cftep  Uutiiliiy  tt 
suuftd  when  X‘.  <  A',i. 


Strain  concentrations  result  from  viscosity  tlilTerentials,  oxidation  strains,  etc., 
or  because  phases  arc  formed  that  locally  degrade  the  creep  crack  growth 
resis.ancc,  I n  cither  case,  the  zone  of  inHuence  is  typic.illy  of  the  order  of  the 
heterogeneity  size,  resulting  in  flaws  that  scale  with  the  heterogeneity 
diameter  [6]. 

While  th.*  quantitative  understanding  of  high  temperature  flaws  is  lacking, 
it  is  deemed  useful  to  present  some  results  that  have  relevance  to  flaw 
formation  and  initial  growth.  In  particular,  it  is  noted  that  stress  concentra¬ 
tion  effects  can  be  estimated  from  clastic  solutions,  by  replacing  the  shear 
moduli  with  the  equivalent  viscosities.  Furthermore,  it  Is  noted  that  the 
important  flaw  problems  usually  involve  two  stress  intensities:  a  localized 
value,  K^,  associated  with  the  concentrated  stress  around  the  heterogeneity 
and  an  applied  value  X,  (of.  indentation  fracture)  [25],  Typically,  these 
stress  intensities  have  opposing  trends  with  crack  length,  resulting  in  a 
minimum,  K„  (Fig.  12).  When  this  situation  is  obtained,  creep  ductility  can 
be  assured,  by  requiring  that  K„  <  K,^.  Explicit  expressions  for  creep 
ductility  can  thereby  be  derived. 

Of  particular  interest  arc  planar,  low  viscosity  faults  [16].  Such  faults, 
when  inclined  to  the  imposed  tension,  cause  the  sliding  of  relatively  large 
‘blocks'  of  material  resulting  in  values  of  K„  of  order. 


(15) 
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where  Xf  is  the  shear  stress  along  the  fault  and  2b  the  length  of  the  fault. 
Hence,  creep  ductility  is  assured  when. 


'n'f f(4')t 


(16) 


This  inequality  constitutes  a  conservative  ductility  criterion,  because  stress 
relaxation  by  local  mass  transport  reduces  this  stress  at  the  fault  tip  and 
eliminates  the  singularity  (cf.  Fig.  -la).  The  maximum  strcx  ’hen  varies  with 
time  (,  after  the  sliding  event,  as  [23] 


(17) 


Consequently,  large  values  of  the  dilfusivity  and  slow  sliding  rates  can  reduce 
the  local  stress  and  may  result  in  peak  stresses  less  than  the  critical  level 
needed  to  nucleate  Daws.  Such  ellcets  may  be  used,  advantageously,  to 
encourage  creep  ductility. 

Oxidation  induced  Daws  have  various  manifestations,  depending  on  the 
nature  of  the  heterogeneity  having  the  greatest  suseeptibil'ty  to  oxide 
formation.  The  (laws  may  cither  form  externally,  as  perturbations  cn  the 
surface  oxide  [26],  or  internally.  Such  oxidation  sites  usually  evolve  into  high 
temperature  (laws  because  of  the  rey'dual  stresses  associated  with  the 
oxidation  strain-rate,  (fl  Crack  formation  at  sites  of  local  dilatation  in  a 
viscous  solid  Is  accompanied  by  a  residual  stress  intensity, 

(18) 


where  b  is  the  radius  of  the  oxidation  zone.  Hence,  by  superimposing  the 
stress  intensity  associated  with  the  design  stress 

(19) 


may  be  evaluated.  Then,  by  setting  K,^  >  the  following  creep 
ductility  criterion  results. 


An/^  ,  gj'* 
'  F(^) 


(20) 


where  {  %  3.  The  trends  associated  with  the  important  materi.nl  parameters 
(Vi>  >!•  arc  clearly  prescribed  by  this  result.  In  particular,  a  critical  size  of 
oxidation  prone  defect  can  be  defined,  such  that,  ductility  is  assured  if. 


(21) 
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V.  CHUMtC  COfiVOUTtS 


A.  Cfwf  IUm* 

Cenunic  compotiict  (yptcally  contitt  of  a  erttp  lUiceptibk  nwirix  ami 
creep  rc«4i(anl  rcinforcemeiKt  [77].  For  this  ease,  the  creep  eharaeterisilcs 
<kp^  on  (he  rtUtisie  dimensions  of  the  whishers  and  the  grains.  When  the 
whiskers  are  rcUtiveiy  Urge  and  have  a  width,  w  ^  4  the  matrix  behaves  as  a 
comiflirttM.  Then,  the  steady^state  creep  rate  of  the  composite  has  the  sttmt 
sirtss  tkptnJiiKt  as  the  matrix,  hot  deviates  from  the  matrix  creep  rate  by  a 
fixed  multiple  <u,  that  depends  on  the  creep  resistance,  volume  fraction,  and 
shape  of  the  reinforcement,  as  well  as  the  shear  resistance  of  the  interface.  For 
a  linearly  vikous  matrix,  the  magnitude  ofw  can  he  obtained  from  composite 
elastic  modulus  solutions,  by  repiacing  the  shear  modulus  with  the  viscosity. 
Typical  trends  are  illustrated  in  Fig.  13  for  randomly  oriented,  rigid  whiskers 
[28]  having  a  sh*ttr  rtsinttm  mrer/iKe.  Similar  values  of  w  would  obtain  for, 
N  ^  2,  typical  of  most  ceramics. 

When  (he  irtierface  has  a  relatively  low  viscosity  compared  with  that  of  (he 
mat.'ix,  the  magnitude  of  tu  diminishes.  Such  tehavior  is  expected  to  be 
iy^cal  of  many  reinforced  ceramics,  due  to  the  tendency  to  form  thin 
amorphous  phases  at  the  interface  [29].  Sliding  at  the  inierfice  dearly 
enhances  the  creep  rate,  by  means  of  a  change  in  <u.  However,  sliding  may 


he.  11.  rndkisd  Irtads  in  Cfwp  raw  ttiik  votvum  fnciion  oT  lens  *sp*c<  nUe  whMkm, 
aecerdins  le  *  CMiwuiMa  moM. 
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fic.  R  InhtbiiMit  e(  |f4in  boundary  (iMing  by  3  irrull  whtilcr.  miiiaimg  lh«  Out  TitU 
thfdggh  ih«  gnm  btfumJtry  pMic 

also  induce  stress  concentrations  that  result  in  creep  damage  and  a  conse* 
quent  aecticraiion  of  the  creep  rate.  In  particular,  the  component  of  the  stress 
rcsoU'cd  along  the  major  aais  causes  stress  concentrations  at  the  tip  of  the 
reinforcement,  that  may  nucleate  cavities.  The  reinforcement  then  becomes 
partially  inelfcctuRl  as  a  creep  inhibiter. 

When  the  fiber  width  is  vnaU,  w  <  A  a  continuum  description  is  Inappro¬ 
priate.  Then,  the  role  of  the  whisker  is  to  inhibit  grain  boundary  sliding,  .is 
sketched  in  Fig.  14,  Sliding  occurs  at  a  rate  dictated  by  the  transport  of 
matter  from  one  side  of  the  whisker  to  the  other,  through  the  amorphous 
interphase.  Simple  analysis  indicates  that  this  process  can  be  characterized  by 
a  viscosity 


itTwV 


(22) 


Comparison  of  Eq.  (22)  with  Eq.  (I)  reveals  that,  since  w  <  /  and  D5  for  the 
amorphous  phase  is  expected  to  ^  larger  than  that  for  the  grain  boundary, 
small  whiskers  should  not  exert  a  significant  influence  on  the  creep  rate. 

A  comparison  of  the  preceding  predictions  with  creep  data  obtained  for 
AI]Oj  reinforced  with  SiC  whiskers  reveals  several  features  of  interest  (Fig. 
IS).  In  particular,  the  composite  creep  rate  data  have  a  different  slope  than 
the  matrix  data  and  hence,  the  results  deviate  from  the  continuum  prediction 
for  a  composite  containing  stiff,  bonded  whiskers.  Another  disparity  between 
experiment  and  theory  is  the  relatively  low  creep  rate  achieved  by  the 
composite,  at  low  stresses.  Such  low  creep  rates  (small  u)  are  not  predicted 
from  composite  theory.  One  explanation  of  the  disparity  is  that  the  diffusivity 
and  grain  boundary  sliding  rate  are  affected  by  the  chemical  changes  that 
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not  wtil  umkntood.  Furikr  unocntandlng  of  ihit  phcnoinenon  should  thus 
be  u  prtoniy  for  future  resoreh  on  high  icmp<roiur«  rcliabdily. 

Models  etcep  crock  growth  hove  linuted  opplieabthiy  bemuse,  tn  most 
C3KS.  the  motcrutl  response  considered  in  the  models  does  not  coincide  with 
the  behxvtoroftypicti  ceramic  polycrs-stali.  A  substaniial  need  thus  csiits  for 
the  development  ^ models  that  Incorporate  both  the  viscoelastic  character  of 
the  ceramic  and  specific  microsttuetural  events  (such  as  localised  grain 
boundary  slJdlng). 

High  temperature  flaws  In  ceramics,  in  many  Instances,  diffcr  from  (he 
flaws  that  control  briitk  failure  at  ambient  temperatures.  Some  undersund* 
ing  of  thcK  flaws  is  beginning  to  emerge.  However,  a  systematic  attempt 
should  be  made  to  locate  and  analyse  the  flaws  having  the  nutjor  Influence  on 
creep  rupture.  In  the  creep  brittle  range. 

Finally,  it  is  noted  that  certain  ceramic  composites  have  interesting  high 
temperature  characteristics,  such  at  creep  and  creep  rupture  resistance.  Little 
IS  known  about  these  materials,  suggesting  the  need  for  systematic  investiga* 
lion. 


Hvoeeas 


I.  Kmi,  R,  N.  (IMS).  .Vw.  StU  t»4. 7, 327. 

3.  SwacH.dMS). .War. grc£(^i. 7.211. 

y  Kali.  a.  N,  »t4  Haaoedk  J.  0.  (IMS)  /w.  J.  Tmf.  Cmma  I.  S7. 

e.  R|).R.m4Ai%.M.F  (1771). .WM.PMt. Ilia 
5.  WMtkonk. S.  M.  and  FuRtr.  £  R. (INS).  Mm  Srt.  £««•  7.  IH. 
k  Dal|lri«h.  I. U SUawtiieV.  E.  aad  gtiM,  A.  0.  (ISIS).  J.  Amr.  Cttm.  S*t.  SI,  S7S. 

7  0*i||Mh.  1. l.)elMMe«.l M. and  Cvim. A. O.dTM). J.  A<wr. CttmUt. S7.74I  dtUy 
S.  STaat,  A.C.  and  CauMe,  R.  .Vt.dTM).  .VTmSmmI  mti  fSew  Tfao^nmiteat  In 

[nfirnnim  MMtritlt.  («d.  S.  O.  AMOtevkh.  R.  0.  Rhcfck  aad  W.  W,  CtHt^R),  At.ME 
Fakiicailoii.  aOf. 

7.  CUtVe.  O.  R, and  Ua|(,  F  F.  IIMO). 7.  Amtr.  Ctrnm,  Sa<  SS,  S*S. 
ta  Litk,  E.  y.  a*i  EvaM.  A.  C.  (IHT).  J.  Aim,  Cttm. gac, 71.  M*. 

1 1.  Evan*.  A.  G.  dM3).  J.  Am,  Cwen.  $ae  SSL  127. 

12.  Tut.  R.  L  aad  R^  R.  dH3).  A<i*  Mrt.  Jk  104}. 

a  TTxailwi.  M.  D.  aad  Evaiw,  A.  G.  (I7M).  Aei*  Mti.  H  22. 

IS.  Hnwr.  A.  H,  TtiiM.  N.  1.  and  Caaawi.  It  M.  (IMO).  J.  Am.  Ctrm  Sac.  tX.  SJ. 
a  Wiadttkera.1  M.  HoeVay,  R. i,  Xrauat.  R.  F. ted  ialu.  K.dTM). A  Maitr. S<l. 21, 110. 
IS.  Wiadarkoni,  1 M..  Qiesk.  L,  Fulkf.  E.  R.  anii  Ti|lw,  N.  J.  J.  Am.  Cttam.  Sac.,  in  pfttt. 
17  Qiuanc  T.J,dM2)./  Aairr.  Ceram.  Sec  SI  7). 

It.  HMch.  C.  H,  Cao.  H.  C  and  F.viM.  A.  C.  (1717).  1.  Am.  Crtam.  Sec.  71, 2S7 
19.  Raj.  R.  and  Bailr.  5.(1710)., Ufiar5rinieeU.2SS. 

20  ThottlcH.  M.  D. and  Evani,  A. 0.(177)).  Acta  Mti.  )l,  1S7S. 

21.  Municnthal,  W.  and  Evant,  A.  G.  (1714).  J,  Aatcr.  Ceram.  Sac.  S7, 7SI. 

22.  TIiotdaM,  M.  D.  and  Evam.  A.  0. (1774).  Scrtpia  .Met.  IS, ) I7S. 


720 


A.  a  EVASS  ASO  K.  i  DAlQLCtSH 


:i  Eviiu,A.aAfkSWMik(bo<A.s.M,iiy7nv  st»nt  s<tf.27^ 

iS.  OMAiiUli*.A«Kii.C.R.U«*.ILR.jiBtlMi»ihsn,O.B.liyil)./<4MO'  K 

Titltc,  N.  L  WN^ihctn.  1 M,  OMflf. T.  I  aixl  McOmwI.  C  L  Dt/ot-^hn  af 
Ctttmit  .x/Httulu  Pfttium.  NV.  p,  51? 

2?  a<dVu.A  And  Rdmr.i  R  (IflH  J  Amtt  Crfim  W  M.CI-U. 

21.  Oi««.T  W  iod  Kcur.  A..|l9idl.  l•.22y, 

27.  CUvtKA.  N«  WtiiAttpl!,  K.  L  aitd  RuMc,  ,M.  J  4«wr.  Cftan.  Sat.  tf,  iit. 


720 


A.  a  CVANS  AND  $.  I  DALQLCtStI 


a.  E»»B«.AeG,Rkt.J  R  4irfHirth.J.P  (»«17  ,^»xrCtn»n^tX,*3.J«(l9l0). 

14.  Etrifti.  A.  0.  ae<]  WKiicthdtn .  S  M.  tl9?4>,  J  Mettr  S<t.  1 270l 
a  ChAntiltut,r.ARriH.C.R.U«>%0.R<.*fiiiMAnhAtt,D.B.U9Sl|-i/  Anrr  Ctm^SM  M, 
5)9 

:&  Ti(hc.  N.  1.  VfKJahaix  S.  M  aiunf.  T. ).  ami  McOamtU  C  L  (I9i4i.  «f 

OtimK  Meitfulu  Pkfiun.  SV.  p.  517 
r  Cliatii.  A  ami  PeocrJ  R  il9S5!  J  Antr  Ctfum.  iACiaa. 

21.  Chau.  T  W,  am!  Kc^r,  A,-  (19141.  AwmI  XfiifKi  nt  StJirtuHt  St  ur>tt  10.  229. 

29.  CUuiun.  .S,  WduKopf,  K,  L  ami  Ruble,  ,M,  J  Sac  0, 21*. 


MATERIALS 


BRITTLB-TO-DUCTILB  TRANSITION 
IN  SILICON  CARBIDB 


Geoffr^.  H.  Campbell,  Brian.  J.  Dalglelsh  and  Anthony.  G.  Evans 


Materials  Department 
College  of  Engineering 
University  of  California.  Santa  Barbara 
Santa  Barbara.  California  93106 


/  Am.  Ctttm.  S*r.,  n  w  |«W~W«  nwt 


oumal, 

Ttansttfon  In  Silicon  Carbide 

Geoffrey  H.  Cornpbell,*  Brfon  J.  Dolglelsh.’  and  Anthony  G.  Evom* 

Motwrols  OtpcxtnrMct,  Coll*o«  of  EnginMdng.  Univ«aity  of  Colifcxnfa. 

Sonto  Bortxxo.  CoKfoffto  93106 


OiNmaltpM  of  iIm  mkmintctiir*  m4  tmp  bcfcavlor  of  two 
coMmtrkdl  sUkoii  caritMu  art  prtara<«d.  A  comMiwKioff  of 
[Klinii|u«  bat  b««ii  ttwd  to  cbaracttdM  IIm  mkrotiriKlurtt. 
S<N)iMatla(  emp  mptort  iMilai  hat  b<«n  carrM  out  and 
Kannint  tk<lro«  mkroKopr  utod  to  obtorva  crt«p>cra<k 
mi4  laMMSIt  RmIc  llMOfy  foe  sirtM 

IWdt  awt  ertop  raloi  aroond  a  cmtiltp  k  raUtad  loUMob* 
samd  briMk'to>d«tctitt  Irnwhian  In  tbm  mnuriak.  Anokty 
w|tb  tb«  bdltlflo-dnctik  trantUlot-  in  tlttU  b  mnda  and  uttd 
la  faMarprat  tha  pwiMH  Bbtafvailani^  (Kay  wordc  tllkon  car* 
blda^  tnocbnnknt  pcapaatlatf  evaap^  Hikroatciictvca«  caneba*} 


I.  Introdiiction 

TItC  hith-lcmpemure  failure  of  ceramics  has  been  iho^n  to 
Involve  two  predominant  re|lm<t:  rupture  at  hi^h  stress 
occutrint  by  the  extension  of  prccaisiin|  cracks  and  /ow^strrss 
frxturas  that  occur  by  dama|e  accumulation  iFig,  I).  The  transl* 
lion  bctvrean  R|lmei  coincides  wlih  a  relatively  abrupt  chanfc  in 
rapture  strain  (Fi|,  I)  and  is  accompanied  by  the  creep  bluntini 
of  preexiitini  flaws,'  Some  aspects  of  the  bluniinf  iraotiilon 
have  baan  studied  for  variout  AliOi,'**  SiC,’***  and  Si>Nt"  mate* 
rials.  However,  prataot  undantaodini  of  this  vitally  important 
aspen  of  creep  rapture  is  still  speculative.  The  pravtkni  spcnita* 
lion  is  that  bhtntini  occurs  whan  the  stress  and  dispiKemeni  field 
ahead  of  the  crack  reduces  below  a  threshold  value,  at  whkh  the 
nucleation  of  a  crKkdlp  dama|c  xone  (i.e..  cavities  at  train 


k.T.  fiOw— caartMitf  eOwr 


MMwoift  M*.  ISaai],  lt«Mi««e  SeftmOw  21.  IMI;  lype'i  iS  PmnOw  20, 

*M«iia«r,  AmricM  Cmwk  Sociwy. 

Ttiinre  Warntw.  MA. 

■Scais  Enalowwe  HsuriUt  Co.,  Ninm  NY. 


boundaries  and/or  In  amorphous  phases)  is  suppressed,  rcsuliinf 
in  a  threshold  stress  imcnsiiy. 

At  stress  inientiiiei  below  K*.  rapture  occurs  by  dimayc  accu* 
mulation.  For  AI>Oi.  failure  in  this  damatc-conirulled  retime 
has  been  shown  to  occur  by  the  prowth  and  coalescence  of  shear 
bands  that  nucleate  at  lartc  mlcrosiiuctunl  and  chemical  hcicro* 
teneliics  wlihin  the  material.'**  However,  when  such  damafe 
mechanisms  arc  suppressed,  by  havinf  superior  mkrosiruciural 
and  chemical  homopcncliy,  recent  itKarch  on  ZiOj"  (TZP)  and 
AliO^ZrO]  composites"'^"  indicates  that  the  material  then  be* 
comes  supe^astk. 

The  abtu^  chanfc  In  rupture  behavior  around  the  blunting 
threshold  can  be  retarded  as  a  transition  from  creep  brittleness  to 
creep  ductility.  The  rupture  characteristics  thereby  exhibit  a 
siraln*raie*dcpcndent  transition  temperature.  T„  Below  r„  the 
maicnal  fails  at  small  strains,  by  crack  tnwth  from  prccxlsilnt 
flaws.  Above  T„  creep  ductility  obtains  with  failure  proccedint 
by  damafc  mechanisms. 

The  Intent  of  the  present  research  is  to  examine  aspects  of  the 
btiitIC'tOHluctilc  transition  for  two  SiC  nutcrials,  at  needed  to  fur* 
(her  undenund  this  impottanr  phenomenon.  Some  prior  research 
on  SiC’***  hat  provided  indirect  evidence  of  a  blunting  threshold 
that  varkt  with  tcmpc.'kure,  mkrotttuctutt,  and  environment. 
This  rctcaich  hat  alto  tu||cticd  that  both  the  threshold  and  the 
cracp<rtck  growth  rate  above  the  threshold  are  dominaied  by  the 
pretence  and  the  charKteristkt  of  amorphous  gn!n*boundary 
p^t  that  cither  preexist  or  are  formed  by  exposure  to  oxidizing 
environments.  SpKincally,  low  viscosity  and  low  surface  energy 
amorphous  phases  Kceicnie  the  crack  growth  and  reduce  the 
relative  blunting  threshold,  K^,/K„  as  alto  established  for  various 
AIjO)'**  and  Si>N4"  matcttalt.  The  present  research  it  thus  per* 
forint  In  an  inm  ervironmenc  in  an  attempt  to  preserve  the  ini* 
ilal  phase  characstrisiks  during  testing. 

An  Impotunt  constituent  of  the  current  research  is  the  thor* 
ough  chamterizoiion  of  the  materials  and  the  direct  observation 
of  crack  blunting  and  of  damage.  These  aspects  of  the  rcMarch 
ire  prerenied  first,  followed  by  mcuurementi  of  mechankal  be¬ 
havior  and  then  inicrptetaikm  of  the  brittlc*to-ductilc  transition. 
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Fl(.  1*  Schtflude  of  stress  versus  fiilure  time  for  ilu* 
miiti  at  high  temperature  indicaiinf  crack  irowih  and 
cteepdamafe^ontmllcd  regimes  of  failure  and  associated 
blunting  threshold.’ 


II.  ExpcrlmeitUl  Procedure 
(I)  MtHrialt  and  fnetJunt 

One  silicon  carbide'  was  manufKtured'*  by  mixing  a  fine, 
high'purity  silicon  carbide  powder  with  O.S  to  S  wt%  aluminum 
in  a  ball  mill,  using  coball*bonded  tungsten  carbide  grinding 
media,  and  hot-pressed  at  207S*C  and  18  MPa.  The  other  ma* 
terial'  wu  sinter^  a*SiC  containing  boron  and  excess  carbon  u 
sintering  aids." 

The  surfaces  subject  to  examination  were  first  mechanically 
polished.  The  polishing  procedure  beg.m  with  IS*Mm  diamond 
paste  on  glass,  reduced  to  9  fsm  and  then  6  fim,  the  latter  on  a 
lipping  wheel.  Polishing  was  completed  with  l-ftm  diamond 
paste  on  a  vibration  polisher.  Several  rpecimens  were  thermally 
treated  to  highlight  grain  boundaries  prior  to  examination.  Treat¬ 
ments  were  conducted  under  vacuum  or  in  an  argon  atmosphere. 
Temperatures  ranged  from  1300*  to  1600*C  and  times  from  15  to 
45  min. 
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Qicfflickl  Mtlyth  wo  pttfoniwd  lo  dticnniiM  ihc  lout  boron, 
silkofl,  ciibon.  *iid  o»yt«*  conicMt.  For  boron  analytls.  urn* 
pics  wttc  cntthcd  Md  ihc  boron  kxhcd  oui  Into  an  xtd  jolu. 
(ton.  Thit  toluilon  wat  then  platma<hcai(d  and  the  photon 
intcniiika  chancterittic  of  boron  determined.  The  jlllcon  content 
wai  determined  by  fuitn|.  The  leiuliant  |lais  was  dissolved  in  a 
hydrochloric  xid  solution  and  the  silicon  evaluated  utin|  aiomic 
absoqxion.  The  tarbon  content  wis  determined  by  fusinf  with  an 
oxidant  to  evolve  carbon  dioxide.  The  cartMn  dioxide  content 
was  then  analyzed  utin|  a  coulometer  and  a  carbonate  standard. 
Finally,  the  rmirn  content  was  determined  by  neutron  activation 
analysis.  Other  impurities  were  identiiled  using  semiquantiiative 
spectroscopic  procedures. 

A  mteroprobe  was  used  to  determine  the  composition  of  sec< 
ond-phas:  impurities  from  .'C*ray  spectra  and  maps.  The  scanning 
electron  mtcroscope  (SE.M)  was  used  to  obtain  Information  about 
porosity  and  carbon  inclusions:  the  former  on  uncoaied,  rrtcehanl' 
cally  p^ished  surfaces  and  the  latter  on  gold.coated  frxture  sur- 
fxes.  Tnnsmission  electron  microKopy  (T£.M)  was  used  to 
examine  graithboundary  phases,  employing  both  light*  and  dark* 
Field  techniques.  Electron  energy  loss  spectroscopy  also  identi* 
tied  iht  pnOCipAl  MCOMi  phMOe 
(2)  Mkr«ttrucitirt 

M)  Wtc-r fttudSillcM  Carbidi!  Specimens  having  a  light 
ihernu!  etch '  'bserved  in  the  optical  microscope  revealed  a  gram 
size  of  about  /im.  The  chemical  analysis  (Table  I)  Indicated 
appreciable  oxygen,  aluminum,  tungsten,  and  cobalt.  The  tung* 
sten  and  ci-balt  were  presumably  introduced  by  the  cobal(*boodcd 
tungsten  carbide  grinding  media  used  to  mix  the  initial  powders. 
.Microptobe  analysis  confirmed  appreciable  quantities  of  second 
phases.  Bxkscanercd  electron  Images  atsd  related  X-ray  spectra 
MtentiFied  silkides  having  variable  composition.  Some  of  these 
arc  tungsten  sillcidc  while  others  arc  a  mixture  of  tungsten, 
cobalt,  and  Iron  silkides.  Attempts  to  Image  a  grain*boundary 
phaae  In  the.  TEM  were  unsuccessful,  indkaling  that  amotphous 
phases,  if  present,  muM  be  test  than  -O.S  nm  in  width. 

(0)  Smund  Silicon  Carbide:  Optical  observationt  of  thcr* 
mally  etched  specintens  revealed  a  grain  size  of  about  10  iim. 
Chemical  analysis  (Table  I)  Indicated  few  impurities.  However, 
residual  carbon  is  implied.  Specifically,  by  assuming  that  all  the 
silicon  and  boron  present  ate  in  the  form  of  carbides,  the  residual 
carbon  content  can  be  estimated  at  0.8  wt%.  This  estimate  is  con* 
firmed  by  TEM,  which  reveals  graphite  inclusions  (Fig.  2(A)). 
The  graphitic  strocture  it  conFirrised  by  the  near-edge  Fine  struc¬ 
ture  of  the  electron  energy  lost  specuum  (Fig.  2(B)),  The  graph¬ 
ite  it  also  well  delineated  on  frKture  fKct  (Fig.  2(C)). 

fj)  ToughMU  Mtuuremrnx 

Four-point  flexure  beams  (3  by  3  by  30  mm)  were  indented 
on  the  tensile  sutfKC.  with  a  200-N  Knoop  indent,  such  that  the 
long  axis  of  the  indenter  wat  oriented  perpendicular  to  the 
applied  sitcu  uit.  The  indent  created  a  temkireular  crack  hav¬ 
ing  125*  to  IS0*pim  radius.  The  residual  stress  was  removed  by 
sutfxe  polishing.  The  edges  of  the  tensile  surfxe  were  also  bev¬ 
eled  to  remove  flaws  that  might  cause  premature  failure. 


Table  I.  Malerial  Compodtlon 


Mattfial 

Iquamiuiive  compotitlofl) 

Miior  Impuniies 
IMmiquaMiuiivcl 

Hot-pressed  SiC 

1.30  wt9b  Al 

29.84  wi%  C 

2.30  wi%  W 

64.89  wt%  Si 

0.10  wi%  Co 

30  ppm  B 

0.10  wt%  Fe 
1.70  wt%0 

Sintered  a-Sic 

0.18  wt%  AI 

30.30  wt%  C 

0.07  vrtSb  Ca 

69.40  wt%  Si 

0.06  wt*  Cu 

0.13  wt%  B 

0.16  wt9b  Fe 
0.23  wt%  0 

flf .  2.  (A)  Tnnsfflluion  election  mlcrofraph  of  sintered  silicon  carbide 
showing  graphite  inclusion.  (B)  Electron  energy  loss  spectrum  from 
inclusion  with  graphitic  structure  confirmed  by  near-edge  Tine  siruc- 
lure.  (C)  Scanning  election  micrograph  of  fracture  surface  with  graphite 
inclusion. 
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^^TcT*** 

rTirtMTa  •!»’*> 

U  _ _ _ 

RT* 

2.7 

3.9 

1400 

2.8 

1300 

2.7 

2.7 

1600 

2.7 

2.4 

1700 

2.9 

2.6 

1100 

2.7 

The  (raeiure  loughiKti  was  determined  at  a  function  of 
temperature  by  utlng  Indented  beams  tested  at  a  strain  rate  of 
6  X  I0‘*  s'*.  The  Initial  (law  tlu  due  to  the  Indent  was  mcaf 
tiled  on  the  fraetuit  surfnec  In  the  SEM  after  testing.  The  critical 
ttresa  iatentity  factor  wna  detetmiaed  utittg  the  telation** 

K,  -  (2/Vs)«yVJ  (1) 

wheic  oy  is  the  frachnt  itma  and  •  it  the  flaw  radius. 

The  resutis  (Table  (1)  show  that  the  sintered  material  hat  a  tem- 
peraiure<intcntltive  toughness.  The  hot-prested  material  has  a 
somewhat  higher  room'iempemture  toughness,  but  the  toughness 
diminishes  at  higher  temperature  to  a  level  comparable  to  tha;  of 
the  sintered  material. 


(■41  DtfarmaAan  Mmurtmntt 
Creep  tesu  were  performed  at  1600*  to  IS00*C  in  an  argon  at* 
mospheru  and  at  constant  ditplKcment  rates  of  10'*  to  10'*  m/t 
and  the  “steady-suic''  creep  properties  characierited  by 


*■  ■  Wtr J<r»j* 


(2) 


where  ia  l<  the  strain  rate  and  0-^  the  stress  in  steady  state,  n  is 
the  creep  cKponenr.  and  4|  and  o’*  are  constants.  The  s(cady>staic 
streu  on  the  tensile  surface  was  estimaud  using'* 


HLj^jTn  +  l\ 
bP  i  3/1  j 


(3) 


where  L  is  the  outer  span  in  four^point  bending,  /  is  the  inner 
span,  Pu  is  the  steady-state  load,  b  is  the  thiekness.  and  A  is  the 
height.  The  use  of  (3)  is  Justifled  by  the  absence  of  notice¬ 
able  creep  damage  (ree  Fig,  S)  and,  hence,  of  obvious  asym¬ 
metry  in  creep  ^tlveen  tension  and  compression.  Sequential 
testing  was  used  in  some  cases,  with  SEM  examinations  con¬ 
ducted  between  exh  iteration.  The  evolution  of  damage  and  the 
behavior  of  indentation  flaws  could  thereby  be  establish.  At  the 


Fhi.  3.  Schematic  sirtst-tusin  curve  fur  icsis  u«<d  to  evaluate  creep 
damage.  The  sudden  increase  In  strain  rate  at  a  ccnaln  level  of  strain 
causes  the  spacimen  to  fracture  at  an  ovtrstrest  3tr. 


conclusion  of  sequential  testing,  the  beams  were  fractured  either 
by  testing  rapidly  to  failure  (Hg.  3)  or  by  cooling  under  stress 
to  room  temperature  and  then  loading  to  failure.  The  material 
directly  In  front  of  the  crack  tip  w'as  then  examined  for  damage  in 
the  SEM  and  a  nominal  toughness  aseenaincd. 

The  testing  revealed  an  abrupt  transition  from  brittle  to  ductile 
behavior  (Ri.  4)  such  that,  in  the  ductile  region,  the  strain  on  the 
lensile  surface  exceeded  i0%  without  failure.  Extensive  creep 
ductility  in  SiC  has  also  been  noted  in  a  previous  study.^  At 
strain  rates  of  ’>10*’  s*',  the  transition  for  the  hot-pressed  ma¬ 
terial  occurred  between  I6S0*  and  I700*C.  and  for  the  Sintered 
material  it  occurred  between  1730*  and  1100*0.  In  the  ductile 
range,  the  creep  exponent  of  the  hot-pressed  silicon  carbide  wu 
2.3,  and  that  for  the  sintered  silicon  carbide  was  1.7.  These 
values  arc  in  the  range  expected  for  superpUttic  behavior.^' 
coniistcM  with  the  extensive  ductility  obtetvnd  above  the  transi¬ 
tion  temperature. 

Above  the  transition  temperature,  preerKks  in  the  sintered 
maicrial  exhibited  blunting  tni  opening  without  growth  (Rg.  S). 
such  that  the  crKk-tip  opening  b  Increased  substantially  with 
strain  (Rg.  6).  The  blunting  exhibits  a  functional  dependence  on 
strain  (sec  Eq.  (I2n)):  b/a  -  eji’  (Rg.  7).  Funhetmore.  damage 
is  evident  in  the  vicinity  of  the  blunt  tip  in  the  form  of  cavities 
that  seemingly  initiated  at  graphite  inclusions  (Fig.  8),  These 
cavities  are  typically  I  /sin  in  diameter,  essentially  independent 
of  the  creep  strain.  In  the  hot-pressed  material,  some  slow  crxk 
growth  occurred.  Appreciable  damage  was  also  detected  in  a 
crick-tip  zone  (Fig.  9)  consisting  of  lenticular-shaped  facet  cav- 


Fig.  4.  Repcesenuiive  sucrs-suiin  curves  iliustniing  the  chinge  in  behavior  of  both  materials  over  a  small  lempeniure 
range:  (A)  sintered,  (B)  hot-pressed. 
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kict  of  dwM  doriai  CTt«p-crKk  The 

UcUmM  of  slow  cnck  tra'vth  c»uM<i  the  crxk  piofiic  lo  cvolv'c 
widi  compkx  loomctty.  and  thus  bhuting  meaMMttmiMS  comp** 
labk  M  thoM  obtaitMd  for  the  tinttted  moicTjat  (Fig.  6)  could  not 
be  obtaioed.  Co«ii«{u«ntly,  ihe  study  of  blunting  cffccu  is  re¬ 
stricted  to  the  measutemenu  obtained  on  the  sintered  material. 

Specimens  of  the  sintered  material  tested  at  room  temperature 
after  caposure  lo  steady-state  conditions  at  high  temperature  to 
cauM  ctKk  blunting  gas-c  nominal  toughnesses  larger  than  the 
sharp-erxk  toughness  (Table  ill).  Specimens  tested  rapidly  to 
failure  at  temperature  after  sieady-sutc  creep  also  gave  a  rcla< 
tivtiy  high  nominal  toughness,  Funhetmere.  the  toughness  sys* 
umaiically  increased  with  increase  in  creep  strain  and,  hence. 
CTKk-iip  opening,  b  (Table  III), 

III.  Some  Haalc  Meeluuiia 

SkoioMfy  cracks  la  a  body  subject  to  steady-staK  cruep  gener¬ 
ate  displacement  and  strain  fteldt  directly  analogous  to  tlw  corre¬ 
sponding  nonlinear  hardening  soIutionSs*’  The  crKk-tip  stresses 
outside  the  blunting  region  in  plane  strain  have  the  singular  form*' 


<r,  ■  iC'ff'JiJrf 


ifiW. 


where  C*  is  the  loading  parameter,  r  is  t!w 

crack  tip,  and  /  and  d-^  are  nondimetnional  CtKiticicnts'  tat^’e'-iO 

by  Hutchinson.**  Then,  by  noting  ihar,  w  a  5urfc>'e  e.-at*;** 

C*  ■  S' 

where  A,  is  a  constant.  Eq.  (-1)  becomes 


At  Ihe  crack  lip.  blunting  occurs,  and  Ihe  siro^  vt*t  Kal';  re¬ 
duced  below  the  value  prcdietcil  by  Eq.  (6|.  A  pew  '/k^si  oc  .j. 
at  r  values  of  I  to  2  times  b.^  However,  the  peak  is  suosianitaily 
influenced  by  the  shape  of  the  blunting  crack  tip.  Some  soluiimo 


tjirSj  »'2.  f 


lOum 


Rg.  5.  Scanning  electron  micrognph  of  indentilion  cracic  in 
tinicrod  mMcrial  tested  above  the  tnnsiiioa  temperanirt. 


Fig.  t.  Crack  tip  in  sintered  miterial  lesied  above  the  trantiiion 
temperature  eshibiting  blunting  and  opening  with  no  propagation: 
(A)  *  -  3.5*.  (B)  e  -  fi*.  (C)  e  -  8.5*. 
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fta.  7,  Cnck-iif  esaalM  m  i  AmciIo*  ot  Mnlii  for  ih*  tbumd 
iUko«ciiM«. 


for  ulf-timitar  ih*M  are  Tint  summanied,  followed  by  appraxl- 
mare  resulu  ihai  may  apply  when  ihc  blunitni  morpholo|y 
changet  (Fig,  6). 

When  ihe  maicritl  ahead  of  ihc  crack  can  be  reprcicmcd  by  a 
continuum  conMhutlve  law,  the  following  eaprettlMf  obtain:^ 

»  f(n)  (7n) 

i  -  0.35CVO-/  (7W 

where  f  It  a  function  of  the  creep  exponent  only,  ik  It  the 
peak  value  of  a'„,  and  oy  it  the  How  ttrett  at  a  ttraln  rate  of 
l/(n  +  I).  Intening  C*  from  Eq.  (5)  into  Eq.  (7b)  then  givet, 
for  tteady  Mate 

bid  «  Q.55h,[n  +  l)''i!,'«„  (I) 

where  Cm  it  the  impoted  creep  ttraln.  The  crKk  opening  It  thut 
predicted  to  vary  linearly  with  strain.  Thit  prediction  it  at  vari* 
anct  with  mcaturc.’nent:  (Fig.  7).  The  dit^ity  arises  because 
the  creck'tip  blunting  does  not  develop  with  a  selftimilar  shape, 
probably  b«^ie  of  discrete  grain'tize  effeett  that  obtain  at  small 
b  (Fig.  6).  When  self*timlltdty  It  violated,  the  coefficient  f  in 
Eq.  (7)  exhibits  an  additional  dependence  on  b.^’  Explicit  retults 
for  (  arc  unavailable.  Consequently,  for  present  purposes,  a 
simple  atsumptlon  it  made  and  Justified  by  comparison  with 
experimental  results.  Specifically,  it  is  assumed  that  the  peak 
stress  develops  at  r  ■  2b,  for  all  b.  Then  Eq.  (6)  gives 

d-/o-M  -  (9) 

which  for  the  present  materials”  (n  ■  2,  A,  ■  1.4,  f  ■  3.8, 
“  1.8)  givet 

<5-/or„  -  0,89(fl/b)'  ’  (10) 

Consequently,  thit  assumption  predicts  that  the  peak  stress  dimin- 
Isha  upon  blunting.  An  analogous  expression  for  the  blunting 
rate  is  derived  by  also  allowing  the  blunting  to  scale  with  the 
peak  stress 

b-AC*l&  (II) 

where  A  is  a  nondimensional  coefficient  of  order  unity.  Hence, 
inserting  &  from  Eq.  (10)  and  C*  from  Eq.  (3),  gives  (rt  ■■  2) 

b/o  -  2Ac”  (l2o) 

such  that 

&  -  {Qn/A'^]fT„cT  (12b) 

The  nonlinear  dependence  of  b  on  e„  conforms  well  with  experi¬ 
ment  (Fig.  7). 


When  specimens  wWs  Utmt  cracks  are  either  londed  rapidly  to 
failure  at  elevated  temperawre  dr  tested  » failure  It  low  tempera¬ 
ture,  a  further  clastic  siRSt  cottcentntiott  .3  develops  K  the  crack 
tip  giveit  by” 

5  -  (I  2o/b)Atr  (13) 

where  Ar  it  the  incremental  applied  stress  upon  elastic  loading. 

IV.  Brktle.lo-Dticiitc  Tkaniitien 

The  brittic.to-ductllc  transition  Involves  local  competition 
between  (low  and  fracture.  Flow  at  elevated  temperature  it 


(A) 


Ftf .  I.  (A)  Scsnnlng  electron  microenph  and  schtmai'x  illustration  of 
a  sintered  SiC  frKtutt  face  of  a  bend  beam  defomsed  at  a  temperetute 
above  Ihe  tnusiiion  and  then  frKtured  at  room  temperature.  (B)  Creep 
damage  void  nucleated  at  a  graphite  inclusion  near  the  blunt  Indenia. 
lion  errek. 


Au«uM  I9«9 


Bff>llt-l<hDticlik  Tmuiihn  In  SHkon  CvtMt 


1407 


TaUc  III.  Nfl«il  Ta«tlHMM  SitMmrf  SIC  Aft«r  Cmy 


^  n!r*" 

CN*f  MnSi 

T*> 

Jf.  tMr»-»‘'> 

RT* 

6.C 

0.067 

3.3 

1100 

2.9 

0.030 

4.0 

1800 

6.0 

0.067 

4.9 

Invented  by  creep,  while  fnewre  involm  p(opi{i(ion  of  an  ini* 
Ual  CTxk.  A  uantiiion  would  be  capccicd  wlwn  ihe  flow  sireit 
becomei  amaller  than  the  fracture  streis.  The  moit  cniKal  r«|ion 
ii  clearly  wiihin  the  crack'ltp  flcld.  Further  ditcustion  ihut  in¬ 
volves  consideration  of  the  eompctini  deformaiton  and  fracture 
processes  near  the  cra^  V  Up. 

Prcdictioa  of  trends  in  the  brittle  fracture  stress  with  tempera* 
tun  taquitet  that  the  operative  fracture  .-nechanism  in  the  pres¬ 
ence  of  a  bhmc  erack  be  estabtished.  Analysis  of  the  fiaenirc  tests 
on  cracks  subjected  to  creep  bluntini  providet  pertinent  informa¬ 
tion.  In  diis  rtf ard.  th*.  T'^ition  from  brittle  to  ductile  behavior 
seems  to  have  '>Ui|  aiudo|ks  with  the  corresponding  transition 
in  steels,^  except  that  the  rate  dependence  ts  Stronger.  The  basic 
bcluvior  ts  schcmaticaliy  illusintcd  in  Fig.  10.  At  lower  tempera¬ 
tures,  the  crack  remains  sharp  and  the  toughness  is  insensitive  to 
icmpcraiuit.  The  onset  of  stgniflcant  crack-ltp  creep  dunng  load¬ 
ing  initiates  lip  blunting  and  changes  the  brittle  fracture  mecha¬ 
nism  to  one  involving  tniitaiton  ahead  of  the  crack,  at  small 
microstrucfural  flaws  (Fig.  10).  The  fracture  is  then  governed  by 
the  inicrxrion  of  the  craek>iip  flcld  with  the  population  of  flaws, 
such  that  the  toughness  varies  strongly  with  temperature  and 
strain  rate  and  is  microstfuciutT-sensiiive.*''  In  the  absence  of  a 
creep-damage  mechanism  In  (he  marerial,  a  (ransirion  (o  super- 
plasriciry  shwid  occur  when  the  peak  stress  in  (he  crack-tip  zone 
becomes  less  than  the  sutu  needed  to  Milvate  the  largest  mkro- 
stnictural  flaw. 

The  activation  of  flaws  In  the  crack-tip  zone  is  assumed  to  be 
governed  by  Eq.  (3).  roexpressed  in  the  form 


where  <r,  is  the  critical  stress  (hat  must  be  exceeded  in  the  crack- 
lip  zone  to  cause  brittle  frKlure  and  c  is  the  radius  of  the  flaws  in 
(he  damage  zone.  The  ductility  requirement  is  (ben  simply 


or,  <  a,  (15) 

To  funher  examine  this  premise,  the  crxk-tip  stress  M  fracture 
can  be  calculated  for  the  tesu  depleted  in  fig.  4  hy  summing 
Eqt.  (10)  and  (13): 

cr, "  O.IWo/W’iTm  +  (I  +  2n/WAo'  (16) 


Then,  upon  equating  tr,  to  tr,,  the  radius  of  the  flaws  in  the  dam¬ 
age  zone  cc?n  be  calculated.  The  results  for  the  sintered  maicilal 
iTablc  IV)  yield  a  (onmni  value,  e  *•  I  pm.  Funhetmore.  this 
value  of  c  agrees  well  with  measured  values  (Fig.  8).  The  resulis 
arc  thus  consistent  with  the  proposed  cnicrion  for  brittle  fracture 
after  creep  blunting. 

With  this  background,  it  is  now  possicic  to  address  the  ducril- 
ity  innsitton.  Ultimately,  this  will  require  knowledge  of  ihc  size 
distribution  of  the  crack-tip  damage  in  conjunction  with  a 
wcakcst-link  statistteal  analysis  within  the  ctKk-lIp  (kld.^  With¬ 
out  this  knowledge,  an  tlcmcniaiy  transition  eriicnon  for  con¬ 
stant  displKcmeni  rate  icsung  may  be  based  on  Eq.  (126),  which 
imptlct  that  (he  pca)(  stress  i^reasct  as  the  stnin  increases,  dur¬ 
ing  steady  state.  Consequently,  cnep  tHhlbiis  frKiure  tat  least 
when  the  damage  size,  c,  is  strain-insensitive),  whereupon  ductil¬ 
ity  obtains  as  soon  as  lip  blunting  iniilaics.  Conversely,  for  ma¬ 
terials  in  which  the  size  of  the  flaws  in  the  damage  zone  mcteascs 
upon  blunting,  bottle  fracture  can  occur  during  creep. 


V.  Corschisleis: 

Silicon  carbide  exhibits  a  transition  from  creep  brittleness  to 
creep  ductility.  Below  the  transition  temperature,  the  miltrial 
fails  by  brittle  crKk  extension.  Above  the  transition  icmpcraiutc, 
the  material  Is  supetplastic  and  can  withstand  strains  In  excess  of 
10%.  Cracks  In  sintered  silicon  caibidc  open  and  blunt  with  dam¬ 
age  around  the  crack  tip  characterized  by  cavities  opening  at 
graphite  inclusions.  Cracks  in  the  hot-pressed  material  open,  stay 
sharp,  and  propagate  at  a  very  slow  rale  accompanied  by  cavity 
formation  on  grain  fKcrs  in  front  of  ilic  crack  lip. 

The  brittle  fracture  streu  at  rapid  strain  rates  is  temperature- 
insensitive.  However,  the  onset  of  blunting  is  strongly  dependent 
on  strain  rate  and  temperature.  When  the  crack  blunts,  die  stress 
field  around  its  (Ip  is  reduced  and  impedes  brittle  fracture. 
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ABSTRACT 


Fracture  toughness  and  tension  tests  were  performed  on  two 
aluminum  alloy  matrices,  20m-0  and  2024-0,  reinforced  with 
alumina  particulates  of  different  volume  fractions  and 
particulate  sizes.  The  results  Indicated  that  the  yield  strength 
Increased  with  decreasing  particle  spacing.  The  fracture 
toughness  Increased  with  Increasing  particle  spacing  provided 
that  the  particle  size  was  less  than  a  limiting  value,  above 
which  unstable  crack  growth  occurred  and  the  toughness  lowered. 
Although  these  composites  exhibited  limited  ductility  on  a 
macroscopic  scale,  fractography  revealed  that  fracture  occurred 
by  a  locally  ductile  mechanism. 
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1.  XNTROOUCTION 

Most  research  in  aluminum-matrix  composites  has  been  directed 
toward  development  of  high  perCormance  continuous  fiber- 
roinEorced  composites#  with  high  specific  strengths  and  elastic 
moduli#  for  specialized  aerospace  applications  (!].  Such 
composites#  in  spite  of  their  unique  properties  are  not  cost 
effective  for  most  applications  because  of  the  high  costs  of 
reinforcements#  fabrication  and  secondary  processing.  Tiiis  has 
led#  in  recent  years#  to  the  development  of  the  relatively  less 
expensive  particulate-reinforced  aluminum-matrix  composites  for 
potential  use  in  certain  aerospace  applications  where  the  very 
high  directional  properties  available  with  continuous  fiber- 
reinforced  composites  may  not  be  required.  Currently#  moderate 
knowledge  exists  regarding  the  tensile  properties  of  particulate- 
reinforced  aluminum-matrix  composites  but  not  much  is  known  about 
their  fracture  behavior. 

The  principal  objectives  of  this  current  investigation  were 
to  determine  how  the  microstructural  parameters#  such  as  the 
volume  fraction  of  the  particulate  and  the  particulate  size, 
affect  the  tensile  properties  and  fracture  toughness  and  to  shed 
more  light  on  the  failure  mechanisms  operative  in  such  composites 
so  as  to  aid  in  the  correlation  of  microstructure  and  properties 
for  such  materials. 
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2 .  BXf*BRXMSttTAL  PROCKtXIfUSS 

Thft  materials  chosen'  iot  study  in  this  investigation  were  two 
aluminum  alloy  matrices,  2014"0  and  2024-0,  reinforced  with 
alumina  particulates  of  different  sizes  and  volume  fractions.  The 
starting  materials,  in  the  form  of  4  mm  thick,  76  mm  diameter 
disks,  are  listed  in  Tabls  1.  The  nominal  compositions  of  the 
matrices  (2}  are  as  follows: 

2014  :  4.4  wc.  %  Cu,  0.8  wn.  v  Si,  0.8  wt.  \  Mn,  0.4  wt.  %  .Mg, 

balance  Al. 

2024  :  4.S  wt.  %  Cu,  l.S  wt.  \  Si,  0.6  wt.  X  Mn,  balance  Al. 

These  composites  were  fabricated  by  means  of  a  slurry  canting 
technique,  the  details  of  which  are  described  in  ref.  2.  The 
composites  contain  a  nominally  homogeneous  distribution  of  . 
alumina  particulates  with  the  surrounding  matrix  being  void  free. 
The  composites  also  have  excellent  bonding  between  the  alumina 
particulates  and  the  aluminum  alloy  matricos  [2].  The  bonding  is 
postulated  to  be  associated  with  the  formation  of  KgAl20^  and 
CuAl20^  spinel  particles  at  the  interface  [2].  Interface 
interactions  between  aJumina  and  aluminum  alloy  matrices  during 
fabrication  of  composites  using  mechanical  agitation  have  been 
previously  investigated  and  discussed  [3,4]. 

Tension  and  mode  I  fracture  toughness  tests  were  performed  on 
these  materials  in  the  0  condition  to  produce  a  soft  matrix.  The 
tension  test  specimen  design  used  in  this  investigation  is  shown 
in  figure  1.  It  does  not  satisfy  the  ASTM  E-8  [S]  requirements 
for  a  standard  sheet  specimen  for  tension  testing  a  quge  section 
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width  of  3.18  mm  bocause  th«  as-ractivad  macaciai  was  too  small. 
Two  spacimans  ware  tasted  for  each  composite  listed  in  tabla  1  by 
means  of  a  MTS  servohydcaulic  tasting  system.  The  tests  were 
performed  at  a  constant  cross-head  speed  of  10  ;im/s.  The  load  and 
the  cross-head  displacements  were  recorded  by  means  of  a  .X-Y 
recorder.  The  effects  of  the  machine  compliance  were  included  in 
the  data  analysis. 

The  pure  mode  I  fracture  toughness  test  specimen  design  is 
shown  In  figure  2.  It  is  based  on  the  standard  compact  tension 
.specimen  design  recommended  by  ASTM  E-3D9  [6).  The  w/B  ratio  is 
6.4,  which  does  not  correspond  to  the  recommended  2  S  w/B  £  4, 
but  is  an  acceptable  alternative  when  the  thickness  of  the  as- 
received  material  is  small.  Most  of  the  compact  tension  specimens 
had  sharp  crack  tips  of  4  pm  radius  produced  by  means  of  electron 
discharge  machining  (ED.M).  Tests  on  specimens  with  pre-cracks 
produced  by  fatigue,  a  difficult  process  for  the  composites,  gave 
equivalent  values  for  K^q.  Thus,  the  EDM  notches  are  smaller  than 
the  process  zone  size  and  the  simpler  EDM  notches  were  used.  The 
specimens  were  tested  on  a  MTS  servohydraulic  testing  machine  at 
a  constant  cross-head  speed  of  10  pm/s.  The  load  and  the 
displacements  parallel  to  the  load  line  were  recorded.  All  the 
broken  tension  and  compact  tension  specimens  were  then  examined 
under  the  SEM.  Some  fractured  specimens  were  sectioned  in  a  plane 
perpendicular  to  the  crack  plane  to  examine  the  material  just 
underneath  the  fracture  surface  and  to  determine  the  extent  of 
subsurface  micro-cracking. 
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3.  RESULTS 


3.1.  Tensile  Tests 

A  tepcesentative  true  stress  versus  true  strain  plot  obtained 
from  a  tension  test  is  shown  in  figure  3.  The  0.2  percent  offset 
yield  strength  a^,  the  ultimate  tensile  strength  and  the 
strain  to  failure  were  calculated  from  this  plot  and  the 
calculated  values  of  the  tensile  properties  are  listed  in  table 
2.  Each  value  listed  is  an  average  of  two  readings,  witli  a  mean 
deviation  for  all  tests  of  2.2  »ercent,  1.5  percent  and  4.7 
percent  for  the  yield  strength,  the  ultimate  tensile  strength, 
and  strain  to  failure,  respectively. 

The  volume  fraction  of  alumina  particulates  was  found  to  have 
a  significant  effect  on  the  tensile  properties  of  both  the  2014-0 
and  the  2024-0  aluminum  alloy  matrix  composites.  This  is 
illustrated  in  figures  4  anct  5  which  show  the  variation  of  0.2 
percent  offset  yield  strength  and  strain  to  failure  with  volume 
fraction  of  alumina,  respectively,  for  a  constant  particulate 
size.  The  ultimate  tensile  strength  varied  in  a  manner  similar  to 
that  in  figure  4.  A  single  one  of  these  graphs,  with  two  or  three 
data  points,  would  be  inadequate  to  draw  even  a  trend  line: 
however  since  the  data  trends  are  monotonic  in  the  same  sense  for 
all  graphs,  they  are  presented  as  a  guide  to  the  trends.  The 
yield  and  the  ultimate  tensile  streiigths  of  the  composites 
increase  whereas  the  strain  to  failure  decreases  as  the  volume 
fraction  of  alumina  increases,  for  a  constant  particulate  size. 


Figures  4  and  5  also  show  thac,  Cor  a  constant  particulate  size 
and  volume  fraction  of  alumina,  composites  with  2014-0  os  the 
matrix  exhibit  higher  yield  and  ultimate  tensile  strengths  but 
lower  strains  to  failure  as  compared  to  composites  with  2024-0  as 
the  matrix;  trends  consistent  with  properties  of  tlu’s*'  alloys  In 
in  the  0  condition  without  any  dispersoids  [7].  This  implies  that 
along  with  the  reinforcement  content,  the  matrix  composition  also 
plays  a  significant  role  in  controlling  the  tensile  properties  of 
such  composites. 

The  silumina  particulate  size  also  had  a  significant  effect  on 
the  tensile  propertie.<«  of  both  the  2014  and  2024  alloy  nutri.x 
composites.  As  shown  in  Table  2,  for  a  constant  volume  fraction 
of  alumina,  the  0.2  percent  offset  yield  strength,  ultimate 
tensile  strength  and  strain  to  failure  all  decreased  with  an 
increase  in  particulate  size  Cor  both  the  matrices. 

3.2.  Fracture  Toughness 

The  mode  I  stress  intensity  factor  analysis  was  performed 
according  to  ASTM  E-399  (6].  A  representative  load  versus  load 
line  displacement  plot  is  shown  in  figure  6.  Pq  was  chosen  to  be 
the  load  where  the  initial  drop  in  the  load  occurred  as 
illustrated  in  figure  6  and  K^q  was  calculated  by  means  of  the 
following  relationship  : 

The  calculated  values  of  K  are  listed  in  Table  2.  Each  value 
listed  is  an  average  of  two  reaJjngs.  The  average  spread  of  the 
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two  values  was  1.5  percent.  For  most  cases  satisfies  the 
condition  for  the  applicability  of  linear  elastic  fracture 
mechanics  (LCFK),  that  is 

a,  w-a  i  2.5  (Kjq/o£)^  (2) 

but  doss  not  satisfy  the  condition  for  plane  strain,  that  is 

B  ^  2.5  (KjQ/Of)^  (3) 

where  0£  ■  (o^  +  Oy)/2,  the  coefficient  for  the  present  case 
being  0.45  instead  of  2.5.  Thus  the  K^q  values  obtained  here  are 
meaningful  fracture  toughness  parameters,  but  not  formally  valid 
plane  strain  fracture  toughnesses. 

The  influence  of  volume  fraction  of  alumina  on  the 
conditional  mode  I  fracture  toughness  (K^q)  is  shown  in  figure  7. 
For  a  constant  particulate  size,  K^q  decreases  with  increasing 
volume  fraction  of  alumina.  Figure  7  also  shows  that,  for  a 
constant  alumina  particulate  size  and  volume  fraction,  2014-0 
alloy  matrix  composites  have  a  lower  Kjq  than  2024-0  alloy  matrix 
composites.  This  implies  that  the  matrix  composition  also  plays  a 
significant  role  in  controlling  the  fracture  toughness  along  with 
the  reinforcement  content. 

The  conditional  mode  I  fracture  toughness  increases  with 
increasing  particulate  size,  for  a  constant  volume  fraction,  as 
listed  in  Table  2.  This  is  in  contrast  to  the  behavior  exhibited 
by  the  tensile  properties.  A  similar  contrast  in  behavior  between 
the  tensile  properties  and  fracture  toughness  has  also  been 
reported  by  Stephens  et  al  (8)  for  cast  Al-7Si  composites 
reinforced  with  either  silicon  carbide  or  boron  carbide 
particulates . 
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3.3.  Fraccography 

Although  these  composites  exhibited  limited  ductility  on  a 
macroscopic  scale,  SEM  fractography  revealed  that  the  fracture 
occurred  by  a  locally  ductile  mechanism.  The  tension  and  the 
compact  tension  specimens  essentially  exhibited  similar  general 
features  under  the  SEM.  A  few  representative  fractographs  are 
shown  in  figure  8.  The  fracture  surfaces  essentially  consisted  of 
a  bimodal  distribution  of  flat  dimples  of  the  order  of  5-50  um  in 
size  associated  with  the  alumina  particles  and  small  dimples, 
less  than  1  pm  in  size,  associated  with  the  ductile  failure  of 
the  aluminum  alloy  matrix,  analogous  to  the  observations  of  You 
et  al  (9).  In  most  cases  the  large  dimples  contained  alumina 
particles  and  were  of  the  same  approximate  size  as  the  particles 
responsible  for  their  formation.  The  observation  of  stereo  pairs 
revealed  the  dimples  to  be  shallow,  which  is  consistent  with  the 
low  plasticity  levels  exhibited  by  these  composites.  Also  the 
observation  of  stereo  pairs  of  particle  surfaces  at  high 
magnification  essentially  showed  smooth  planar  particle  surfaces 
for  about  90  percent  of  the  particles,  which,  toget.her  with  the 
observation  of  such  particles  in  about  95  percent  of  the  dimples, 
indicates  that  this  portion  of  the  particles  were  cut  rather  than 
decohered.  Since  the  thickness  of  the  spinel  layer  at  the 
interface  is  minimized  for  the  present  heat  treatment  [2],  tlie 
observJ;tion  of  particle  fracture  for  the  majority  of  particles  is 
consistent  with  recent  observations  of  alumina  fracture  for  thin 
spinel  layers  at  a  planar  biinaterial  alumina/aluminum  couple 
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[10].  ThQ  other  10  percent  o£  the  particles  appeared  to  have 
fractured  in  the  matrix  near  the  interface  as  in  the  earlier  work 
[10]  with  thicker  layers  ond  as  observed  by  You  et  al  [9].  A  few 
secondary  branches  of  the  crack  were  observed  on  the  fracture 
surface  for  all  the  composites  and  they  wore  confirmed  by  cro.ss- 
sectional  views  of  the  region  adjacent  to  the  fracture  surface. 


A .  DISCUSSION 


4.1.  Strength 

Models  for  hardening  of  composite  systems  include  the  shear 
lag  model  [11]  and  a  dislocation  model  related  to  plastic  strain 
introduced  near  particles  by  mismatch  in  thermal  expansion 
coefficients  [12].  The  former  model  would  lead  to  a  flow  stress, 
for  spherical  particles,  of  the  form  [13]: 

o  «  Oy  (1  +  0.48f)  (4) 

independent  of  microstructural  parameters.  The  second  model  would 
be  related  to  a  dispersion-hardening  type  model,  with  plastic 
incompatibility,  expressible  for  example  by  the  Ashby 
geometrically  necessary  dislocation  concept  [14],  leading  to 
excess  dislocations  in  the  near-particle  region.  The  plastic 
deformation  induced  dislocations  would  become  dominant  when  the 
plastic  strain  exceeded  the  thermal  misma-ch  strain  and  the  two 
effects  would  act  in  parallel,  so  they  are  lumped  together. 
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Foe  £in«  particles  and  spacing^  the  incompatibility/ 
dislocation  approach  would  lead  to  an  Orowan-type  relation  of 
stress  to  both  particle  size  and  particle  spacing  [14-18). 

However,  for  the  relatively  larger  particle  size  and  spacing  in 
the  present  work,  the  single  dislocation,  Orowan-type  hardening 
would  be  completely  negligible.  On  the  basis  of  experimental 
observations,  for  example  those  of  Humphreys  and  Hirsch  [19],  we 
suggest  the  following  alternative.  At  small  strains,  dislocation 
tongles  form  around  the  particles,  because  of  plastic 
incompatibility,  and  eventually  link  up  creating  a  dislocation 
cell  structure  with  the  cell  size  d  linked  to  the  particle 
spacing  X.  Together  with  the  universally  observed  scaling  of  the 
flow  stress  with  (l/d)  [20],  this  would  lead  to  a  flow  stress 

o  "  a(u  b/X)  (5) 

Figure  9  represents  a  plot  of  the  0.2  percent  offset  yield 
strength  normalized  by  the  matrix  yield  strength  as  a  function  of 
f  for  all  the  material.  As  can  be  seen,  a  roughly  linear 
correlation  of  strength  and  f  could  be  made  for  the  5  urn  diameter 
particles,  but  the  data  for  the  larger  particles  fall  well  off 
such  a  line.  Moreover,  the  magnitude  of  the  hardening  in  all 
cases  is  larger  than  expected  from  equation  (4).  Figure  10 
presents  a  plot  of  the  normalized  yield  strength  as  a  function  of 
inverse  particle  spacing.  As  indicated,  the  fit  to  such  a 
relation  is  good.  We  interpret  the  fit  as  consistent  with  the 
dislocation  model  described  above.  A  conceivable  alternative  i.s 
that  shear  bands,  resembling  mode  II  cracks,  are  pinnsdi  by 
particles  giving  an  Orowan-type  effect  with  resistance  associated 
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with  the  elastic  energy  of  the  bowed  shear  band,  analogous  to  the 
mode  I  results  of  Rice  [21]. 

The  correlation  of  yield  strength  with  particle  spacing  does 
not  mean  that  the  shear  lag  is  absent.  The  work  hardening  rate  of 
chn  particulate  composite  would  decrease  at  the  point,  presumably 
near  the  yield  strength  because  of  the  high  stress  level,  where 
the  natural  matri.\  cell  sise  becomes  became  smaller  than  the 
particulate  pinned  size,  say  at  6j^  in  figure  11.  The  subsequent 
flow  behavior  of  the  composite  should  map  with  the 

matri.'t  flow  bel^avior  -  62)  past  an  equivalent  cell  size. 

The  value  of  -  ^01(^2)  should  then  represent  the  shear  lag 

contribution  to  hardening  at  Further  experiments  are  planned 
to  test  this  hypothesis. 

4.2.  Fracture 

The  trends  in  K^q  values  with  X,  together  with  the 
fractographic  observations,  suggest  that  the  toughness  is  limited 
by  particle  spacing  in  the  manner  first  suggested  by  Rice  and 
Johnson  [22].  All  particles  are  considered  to  crack  or  decohere 
ahead  of  the  major  crack  tip  and  at  a  small  local  strain  value. 
The  region  of  intense  plastic  flow  is  limited  to  a  volume  of 
width  X  as  illustrated  in  figure  12.  This  model  would  give  a 
value  for  the  energy  release  rate  X  and  would  imply  that 

t'ould  increase  monotonically  with  X.  In  order  to  test  tliis 
surmise,  data  for  were  converted  to  values  by  the 
relation 
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■'ic  ’  hi  <*  - 

l£  the  data  were  to  fit  the  Rlce-Johnson  relation 
should  scale  linearly  with  X. 

Jlc/Of  “X  (7) 

A  plot  of  this  line  is  presented  in  figure  13  along  with  the 
experimental  values  of  Cor  both  matrices.  As  shown  in  the 

plot  t)ie  data  lie  on  or  near  the  Rice-Johnson  line  for  all  cases 
where  some  stable  crack  growth  occurred,  supporting  their  model. 
For  the  largest  value  of  X  for  each  alloy,  corresponding  to  the 
largest  particle  spacing,  there  was  very  little  stable  crack 
growth  and  the  values  fall  well  below  the  expected  trend. 

The  values  in  Table  3  show  the  same  trend. 

For  the  cases  of  unstable  crack  growth,  one  would  expect 
behavior  analogous  to  that  discussed  by  Evans  [23]  for  steels 
tested  below  the  ductile-brittle  transition  temperatures.  The 
initial  crack  begins  to  blunt  and  the  stress  is  increased  ahead 
of  the  crack  because  of  plastic  flow  and  because  of  hydrostatic 
stress  elevation  [24],  giving  maximum  normal  stress  values  ^ 

5  0£.  A  particle  in  the  deformed  region  cracks  and,  if  the  local 
energy  release  rate  is  sufficient,  runs  back  to  the  main  crack 
and  triggers  unstable  crack  growth.  Statistically,  the  most 
likely  particle  to  crack  is  unlikely  to  be  at  the  maximum  stress 
position,  so  the  maximum  stress,  influencing  the  propagation  of 
the  microcrack  back  to  the  main  crack,  would  tend  to  exceed  the 
local  stress  at  the  particle  by  some  small  factor,  leading  to 
further  plastic  flow,  work  hardening  and  stress  elevation  prior 
to  crocking.  Together,  these  factors  would  contribute  to  a  local 
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Bxpecced  vaXutt  Cor  propaQaeion  of  th*  microcracked  particl* 
Into  the  matrix  oC  10  o^'/O.  Further  Lt  this  propagation  event 
triggered  unstable  crack  growth,  the  local  value  should  correlate 
with  the  dynamic  fracture  toughness  value  oC  the  matrix 
alloys  [25],  which  should  be  less  than  the  value  of  which  is 
approximately  equal  to  35  MPa^^m  (26).  The  value  of  10  o^i/D  Cor 
the  2014-0  alloy  with  D  >  IS  pm  and  C  ■  0.05  is  6.87  MPav'm  while 
that  Cor  the  2024-0  alloy  with  0  ■  50  pm  and  C  ■  0.20  is  10.1 
HPa/m.  These  values  arc  of  the  order  of  the  matri.x  toughness  but 
are  somewhat  smaller,  consistent  with  the  above  discussion. 

A  summary  of  a  workshop  on  the  design  of  ideal 
microstructures  to  optimize  toughness  (27]  indicated  that  the 
optimum  structure  would  be  a  dispersoid  with  very  small  particle 
size  and  spacing,  provided  that  the  particle  size  was  less  than  a 
critical  value,  dependent  on  interface  cohesion  or  particle 
toughness,  but  of  the  order  of  20  nm,  below  which  decohesion  or 
cracking  of  the  particles  should  not  occur  [28].  Once  were 
reached  Cor  such  a  material,  however,  unstable  crack  growth  wo  Id 
occur.  Contrariwise,  for  particles  that  do  crack  or  decohere,  a 
large  particle  spacing  is  desirable,  as  in  the  present  case, 
achievable  by  decreasing  the  volume  fraction  or  increasing  the 
particle  size  but  only  up  to  another  limiting  particle  size.  The 
latter  critical  size  corresponds  to  that  for  unstable  propagation 
of  a  microcrack  into  the  matrix.  To  the  extent  that  the  matrix 
toughness  does  not  degrade  and  lower  the  upper  critical  size,  an 
increase  in  matrix  yield  strength  should  increase  toughnesses  in 
this  latter  case. 
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Together,  tha  two  casas  tuggast  that  larga  toughnassaa 
togathec  with  rasiitanca  to  unstabia  cracking  could  ba  achieved 
by  a  duplex  microstcuctura.  The  larger  particles,  provided  that 
they  were  less  than  the  upper  critical  size,  would  provide 
resistance  to  unstable  crack  propagation  while  the  finer 
particles,  provided  they  were  less  than  the  lower  critical  size, 
would  provide  matrix  strengthening  and  crack  initiation 
toughness. 


5.  CONCLUSIONS 

1.  Alumina  particles  in  the  size  range  S  to  SO  pm  and  with  volume 
fractions  from  2  to  20  percent  harden  2014-0  and  2024-0  aluminum 
alloy  matrices  in  fair  accord  with  an  inverse  particle  spacing 
relation.  The  results  are  consistent  with  a  model  that  the 
initial  yield  depends  on  both  shear  lag  and  and  structural 
effects  while  subsequent  flow  is  dominated  by  the  shear  lag. 

2.  the  fracture  toughness  increases  with  particle  spacing 
provided  that  the  particle  size  is  less  than  a  critical  value. 
This  critical  value  correlates  with  a  particle  which  when  cracked 
presents  a  microcrack  that  exceeds  the  matrix  toughness  locally. 
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Tablo  I.  List  oC  Composites  Investigated 


Matrix 

Alumina  Particulate  Size 
urn 

Alumina  Volume  Fraction 

2014 

5 

0.02 

2014 

5 

0.05 

2014 

15 

0.05 

2024 

5 

0.02 

5 

0.05 

5 

0.20 

50 

0.20 

Toble  2.  Tensile  Properties  and 
Composites  in  the 

• 

Fracture  Toughness  of  the 

0  Condition 

Composite 

Matrix  0 

pm 

f 

Oy 

MPa 

MPa 

*^10 

MPa/m 

201J-O  * 

97 

185 

18.0 

2014  5 

0.02 

128 

265 

10.0 

14.55 

2014  5 

0.05 

137 

280 

7.3 

13.50 

2014  15 

0.05 

118 

237 

4.4 

13.90 

2024-0  * 

75 

185 

21.0 

2024  5 

0.02 

100 

227 

12.0 

16.54 

2024  5 

0.05 

107 

240 

9.0 

15.77 

2024  5 

0.20 

114 

252 

4.3 

12.16 

2024  50 

0.20 

92 

194 

2.5 

13.19 

* 


Values  from  ref.  29 


Table  3.  CoMparison  of  Measured  Values  of  ^ 
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Composite  Measured  X 

Matrix  P  £ 


iim 

(im 

(im 

201-5 

5 

0.02 

13.18 

25.58 

5 

0.05 

10.40 

16.18 

2014 

15 

0.05 

12.95 

48.54 

2C24 

5 

0.02 

20.42 

25.58 

5 

0.05 

17.06 

16.18 

2024 

5 

0.20 

8.41 

8.09 

2024 

50 

0.20 

12.58 

80.90 
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Fig.  1 — Tension  test  specimen  design. 

Fig.  2 — Mode  I  compact  tension  specimen  design  for  fracture 
toughness  testing. 

Fig.  3 — Representative  true  stress  versus  true  strain  plot 
obtained  from  tension  test. 

Fig.  4 — Yield  strength  versus  volume  fraction  of  alumina,  for  a 
constant  particulate  size. 

Fig.  5 — Strain  to  failure  versus  volume  fraction  of  alumina,  for 
a  constant  particulate  size. 

Fig.  6 — Representative  load  versus  load  line  displacement  plot 
obtained  from  mode  I  compact  tension  test. 

Fig.  7 — Conditional  mode  I  fracture  toughness  versus  volume 
fraction  of  alumina,  for  a  constant  particulate  size. 

Fig.  8 — SEM  fractographs  showing  locally  ductile  fracture; 
a)  bimodal  dimple  distribution,  b)  equiaxed  shallow  dimples 
nearly  the  same  size  as  alumina  particles,  c)  secondary  branching 
of  the  crack  visible  on  the  fracture  surface. 

Fig.  9 — Normalized  yield  strength  versus  volume  faction  of 
alumina.  Triangles  for  2024,  crosses  for  2014.  Data  for  D  °  5 
except  for  the  two  points  marked. 

Fig.  10 — Normalized  yield  strength  versus  inverse  interparticle 
spacing.  Triangles  for  2024,  crosses  for  2014. 

Fig.  11 — Schematic  stress-strain  curves  for  particulate  composite 
and  matrix  systems. 

Fig.  12 — Region  of  intense  plastic  flow. 

Fig.  13 — versus  interparticle  spacing.  Triangles  for  2024, 
crosses  for  2014. 
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Fig.  1 — Tension  test  specimen  design. 
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Fig.  4 — Yield  strength  versus  volume  fraction  of  alumina,  for  a 
constant  particulate  size. 
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Fig.  5 — Strain  to  failure  versus  volume  fraction  of  alumina,  for 
a  constant  particulate  size. 
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Fig.  6 — Representative  load  versus  load  line  displacement  plot 
obtained  from  mode  I  compact  tension  test. 
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Fig.  8 — SEM  fractographs  showing  locally  ductile  iracture: 
a)  bimodal  dimple  distribution,  b)  equiaxed  sliallow  ‘Umples 
nearly  the  same  size  as  alumina  particles,  c)  secondary  branching 
of  the  crack  visible  on  the  fracture  surface. 
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g — SEH  fcQCtographs  showing  locally  ductile  UMciuteJ 
aj  bimodol  dimple  distcibution,  b)  oquiaxod  shallow  dimples 
neatly  Clio  some  size  as  alumina  particles,  c)  secoadavy  I'ranehlnvj 
o£  the  crock  visible  on  the  fracture  surface. 
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Fig.  9 — Normalized  yield  strength  versus  volume  faction  of 
alumina.  Triangles  for  2024,  crosses  for  2014.  Data  for  D  =  5 
except  for  the  two  points  marked. 
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Fig.  11 — Schematic  stress-strain  curves  for  particulate  composite 
and  matrix  systems. 
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introduction 

The  relatively  lower  costs  for  fabrication  and  secondary  processing  o( 
particulate-reinforced  aluninun  alloy  natrix  composites  has  tqado  them 
attractive  for  certain  aerospace  applications  where  the  very  high  strengths  snd 
elastic  noduii  offered  by  continuous  fiber-reinforced  aluMinum  alloy-matrix 
composites  may  not  be  required.  The  role  of  mlcrostructural  parameters  r>n 
fracture  toughness  and  tensile  properties  In  such  composites  nas  been  discussed 
in  a  previous  paper  (1).  However,  more  often  than  not,  practical  stMctures 
are  subiceted  to  combined  node  loading,  which  necesaitatet  the  study  of  crack 
initiation  under  such  conditions.  The  objective  of  this  paper  is  to  dotormtne 
how  mode  III  loading  superimposed  on  node  I,  an  example  among  several  mixed- 
mode  possibilities,  affects  the  fracture  toughness  and  failure  nechantsns  tn 
aluminii  partlcuiato-rotnfocccd  aluainum  alloy-matrix  composites. 

There  is  a  paucity  of  ex|>erimental  data  describing  fractuio  under  cor^Uinad 
mode  t  -  mode  III  loading  conditions  for  any  type  of  material  lot  alone 
particulate-reinforced  metal-matrix  composites.  Host  investigators  have 
reported  (2-5)  that  an  imposed  mode  III  load  contribution  lowers  the  mode  1 
component  required  to  initiate  fracture.  However,  Pook  (6)  found  that  mode  1 
fracture  toughness  was  Independent  of  trensverse  shear  for  several  high 
strength  alloys  and  that  fracture  occurs  when  the  resolved  mode  I  component 
equals  KjC-  Rtcent  Investigations  (7,8)  have  established  that  combined  mode  I 

-  mode  III  behavior  in  steels  could  be  characterized  into  two  groups.  In 
ductile  steels,  e  mode  III  loading  component  stems  to  have  a  significant 
influence  on  the  mode  I  fracture  toughness  whereas  in  relatively  brittle  steels 
the  mode  III  component  het  very  little  influence  oil  mode  I  fracture  toughness. 
Thus  It  would  be  Interesting  to  observe  whether  alumina  particulate-reinforced 
aluminum  alloy-matrix  composites,  which  exhibit  only  a  limited  macroscopic 
ductility,  follow  s  similar  trend  under  combined  mode  I  -  mode  III  loading 
conditions. 


Eju>tci«nii«l  Pr.oct4yrt 

Mode  I  and  combined  mode  I  -  mode  III  fracture  toughness  tests  were  performed 
on  the  composites  listed  in  Tsble  I  with  the  matrices  In  the  0  condition  and 
with  nominally  equiaxed  particles  as  discussed  in  earlier  work  (9,10).  The 
mode  I  and  combined  mode  I  -  mode  III  specimen  designs  are  illustrated  in 
figures  1  and  2,  respectively.  The  mode  I  specimen  design  is  based  on  the 
standard  compact  tension  design  recommended  by  ASTM  E-399  (11).  The  essential 
modification  of  the  combined  mode  I  -  mode  II  design  compared  to  the  standard 

compact  tension  design  is  the  slanted  notch  oriented  at  49°  to  Che  load  line, 
which  causes  the  crack  plane  to  adopt  this  slanted  orientation  at  the  onset  of 
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er4ek  intciaiion.  Tha  45®  An>jla  was  ehosan  baeAus#  tt  rasuUs  in  e')uAl  Aneunti 
3i  sa<J«  I  And  W3d4  IK  leAsJinj  <f< »j'«nani.i.  Th«  w. n  fAtte  in  b«*th  the  s{!e^t(^!n 
tiesiQns  is  fi.4,  which  elaes  n>n  aatisiy  ir.e  tee>;KA>eH4e-i  2  x  v  Q  i  A.  but  ta  An 
Acce^tAble  AltefnAciv*  when  the  thi^iknesa  the  AS-receivea  wAteriAl  is  a»aU. 

For  the  combined  mode  I  •  mode  ttl  inecimona.  tt  waa  t^baecved 
ex(ierim«neAny  that  the  (etlque  pre-erAcKs  dtd  nnt  l@Uow  the  inittAi  alAnted 
notchf  And  hence  (oe  consistency  all  the  speciitena.  incUdmv  i^ere  m-tie  t 
specimens,  were  pre-erscked  by  tseans  oi  eleetrsn  disshAroe  machininf  tcrst. 
C^pAo.ctve  tests  with  pse(Att$2»ed  and  erx  nnched  n^do  1  spectt^ng  qave 
Identical  reiulia  Indicating  that  the  tCK  notch  rest  was  less  than  the  ptocess 
tone  site.  The  specimens  were  pulled  at  a  constant  erosshead  velocity  al  10 
ua/a  in  a  KTS  servohydraulic  testing  aaohine  and  the  l>*ad  versus  load-ltiie 
•Jiaplaceaent  recorded.  Pc^r  a  (ew  <-obine  j  mo-je  at'S-^tmens,  the  Iv'adtn^  waa 
interrupted  at  ilxed  intervala  to  meaiure  the  dtsplAceaents  ni.>{mal  to  the  lead 
line  (horixcnial  dlaplacemencai  across  the  aouth  o(  the  specimens.  The 
messurements  correlated  well  with  continuous  aeasureaenis  and  linal 
displacement  measurements  and  hence  the  rest  oF  the  combined  mode  I  -  mo-Je  111 
tests  were  carried  out  continuously.  The  Fracture  surFaces  oF  all  the  broken 
compact  tension  specimens  were  examined  under  a  icannin:}  electron  microscope. 

Wd«stllie-ar»LPigs«klgn 


.*lLde_t_5tre8i_  Intensity  Factdr 

The  mode  t  stress  intensity  Factor  analysis  was  done  according  to  AST.X  C- 
199  (11|.  Kjq  was  cAlculAted  by  means  oF  the  Following  celationshipt 

Kjq  ■  (Pq^B  F|A/WJ  (I| 

The  calculated  values  oF  Xjq  ere  listed  in  Table  II.  Each  value  listed  Is  an 

average  oF  two  readings  with  a  spread  In  the  total  data  oF  1.5  percent.  For 
most  cases,  the  Kjg  obtained  satisFlea  the  condition  For  the  applicability  oF 

LCFH  but  does  not  satlsFy  the  condition  For  plane  strain.  Thus,  the  stress 
intensity  lectors  obtained  here  are  meanlngFul  Fracture  toughness  piramoeuis 
out  not  vsUd  plane  strain  Fracture  toughnesses. 


Combined  Hode  l  -_y.ede  111  Stress  Intenilty  Factor 

There  la  no  standard  procedure  For  analyzing  combined  mode  1  •  mode  III 
data.  In  this  investloatlon  we  have  chosen  to  do  the  analysis  using  the 
resolution  method.  This  method  involves  resolving  the  loads  and  rhe 
displacements  Into  mode  I  end  mode  III  components.  From  the  geometry  oF  Figure 
3,  one  can  writei 

P,  ■  P  sln»  ,  Pt,»  ^  P  cot9  (2) 

and,  ‘ 


6„  sini  - 


6^  coal 


'III 


«v  cosi 


*  Sh  sinI 


(3) 


whore  Sy  is  the  measured  vertical  displacement  or  displacement  parallel  to  the 
load  line  and  5^  is  the  measured  horizontai  displacement  or  displacement  normal 

to  the  load  line, 
equation  (3)  to 


It  was  experimentally  Found  that  <),  ■  0  which  reduces 


$y  slnl 


’III 


6y  COSI 


H) 


kepcesentative  Pj  versus  6j  and  P.^^  versus  Sjjj  plots  ate  shown  In  Fig.  4. 

They  are  identical  because  I  was  ■  45°  in  this  Investigation,  which  results  In 
P£g  being  equal  to  P^^^g-  The  resolved  mode  I  stress  intensity  Factor,  Kjg, 

was  then  calculated  analogous  to  AST.M  E-399  (11)  by  (ttans  oF  the  Following 
relationshipi  , 

^IQ  ■  (Piq/»'  (8) 

where  B*  •  B/sinl.  This  is  because  the  slanted  crack  makes  the  eFFective 
thickness  of  the  crack  plane  larger  than  the  specimen  thickness. 

A  similar  type  of  analysis  could  be  used  to  calculate  the  resolved  modn  (II 
stress  intensity  Factor,  K^^^g,  with  K^^^g  given  byi 

^liio/8'  ^ 


HiiQ 


(Pi 


‘^III 


(«/w) 


(9) 
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Howovtr,  tho  prebloK  ii  chot  ihor*  «t*  03  oxplielc  loluciens  ovalUbU  (or 
{jl|(4i/w|,  (or  eopp«et  toniion  spocisont  loodtd  in  inodo  lit  eonditiont.  Thii 

probtoo  w««  oolvtd  by  (indin9  iho  rotio  ib«  «t,roii  inientuy  iooiori  undor 
III  4nd  Mcdo  I  oondiiiona  (or  o  illuatr«(9d  tn  (lyuro  i,  whlsh 

«Pproxiiu(ti  eloicit  to  o  eeapoct  tonaion  qio«a«try  and  aaau»lnf  that  th«  aasH 
ratio  holda  tru«  (or  th«  eo#paet  tonaicn  oaaa.  Tn«  ratio  waa 

caleuiatad  (or  th«  abovo  (jaoMtry  oain^  tno  atreaa  tntanatty  (atftoca  ^tvan  tn 
roi,  12  and  waa  (ound  to  bo  oaual  to  d.R33.  Thua 

*'uta  •  a-«»  I  J, 

Tht  valuta  o(  and  ao  obtaintd  arc  Uaied  in  TabU  11  aluny  with  iito 

valut  o(  tht  total  atraaa  Inttnaity  (act^r  (or  tht  ooHb.  nsd  ivsit  i^aat. 

*‘toial0‘  “*•  *•>■/  “tana  •£  tht  (allowing  rolatianahipi 

*''tocalO  *  *^10  *  *^iliO  il  «ll» 

each  valut  llattd  ia  an  avtragt  o(  two  readinga  with  a  apv'tad  in  th«  total  data 
o(  1.3  ptrctnt. 

E((tec  of  Crack  Anal*  on  Trarturt  Paragtttra 

rigurt  6  a)  and  b|  ahow  tht  bar  grapha  o(  Kjq  and  (or  tht  two  craeh 

anglta,  rtaptetivtly.  and  Kj^  are  identical  for  the  pure  noda  1  oaat. 

Tht  ineoatd  node  lit  loading  eoapontnt  a  lightly  lowered  the  tsode  I  atreaa 
inttnaity  (actor  required  (or  crack  iniciatior.,  however,  the  total  atreaa 
inttnaity  (actor  waa  higher  in  the  conbintd  !K>dt  I  -  Mde  III  eaat  at  eoepartd 
to  tht  )»9dt  I  naat.  Thia  iepiitd  chat  tht  crack  initiation  waa  nore  di((leulc 
in  tht  ccDbintd  Mde  t  -  node  Ill  orlentacion  aa  conpartd  to  the  node  1 
orientation.  Thia  rtault  waa  conaiattnt  with  tht  Mcroacopic  obatrvacion  o( 
crack  rotation  towarda  laodt  orientation  inaitdiattly  (ol lowing  crack  initiation. 
The  obatrvacion  of  (racturt  aurfacea  q(  both  tht  node  1  and  coebintd  oodt  I  - 
node  III  coepact  ttnaion  aptciwena  under  tht  SCM  revealed  eaatntially  the  aant 
general  (taturta  at  thown  In  (igure  T.  Tht  conbintd  aeidt  I  •>  node  111  anteinen 
(racturt  aurfacea  did  not  ahow  any  voida  elongated  in  tht  ahear  (»odt  lit) 
direction.  All  o(  the  ebove  obeervetiont  tend  to  indlceio  that  the  fracture  in 
aueh  coapotltea  was  Minly  governed  by  tentilt  (laodt  1)  strttett  end  not  by 
node  III  ahecr.  Thua,  it  ap^art  that  there  ia  no  apparent  change  in  the 
failure  i»echania«  in  auch  conpoaitet  with  the  Introduction  o(  a  node  ill 
loading  conponenc.  Theae  obtervationa  are  conaiatenc  with  the  resulta  reported 
by  other  inveatigacort  (7.1,12,13)  for  other  nactrlala  exhibiting  United 
ductility.  The  higher  value  of  in  conblned  node  1  -  node  III  loading 

conpared  to  Kjg  also  auggeated  that  In  alunlna-particulate  reinforced  aluninun 

alloy-nacrlx  conpoaltea,  ac  least  5or  the  conblned  Mde  1  -  node  IK  loading, 
Xjg  nay  be  a  good  conaervaclve  estinate  of  the  fracture  toughness  for  design 
purpoaea. 

CBDSilHiBn 


1)  The  Inposed  node  III  loading  conponenc  slightly  lowered  the  node  I  atreaa 
Intensity  (actor  required  (or  crack  initiation.  However,  crack  initiation  was 
nore  difficult  In  the  conblned  node  1  -  node  III  case  aa  conpared  to  the  pure 
node  I  case  as  reflected  by  the  higher  total  tcreis  Incenilty  factor  at  crack 
initiation. 

2)  There  waa  no  apparent  change  In  the  failure  nechanian  with  the  introduction 
of  the  node  III  loading  conponenc.  Mode  III  shear  did  not  play  a  significant 
role  in  the  (allure  process  which  was  mostly  influenced  by  node  I  tensile 
■creases. 
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F!C.  4.  R<pc«stnc«civ«  rtiolvtd  loAd  v«rfus  r^iolvtd  dltpUcvMnt  plots. 


rigurs  5.  Ctom^ccy  ussd  £or  calculating 
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ric.  fi.  lor  9rophi  llluicr«cln9  ai  iRodo  {  icrtit  Inttniicy  (ocioro  and  b)  total 
stroas  inttnaity  faetori,  (or  tht  two  eracic  an9U«  (or  all  tha 
cowpofltto  lnvaici9actd. 


rtC.  7.  SEM  micrographs  showing  tha  ganoral  (ractura  surfara  (aaturas  (rr 
a)  ncda  I  casa  and  b]  combined  moda  I  -  moda  III  casa. 


A  NUMEJUCAL  STUDY  OF  HKjH  TEMPERATORE 


CREEP  DEFORNUTION  IK  METAL-MATRIX  COMPOSITES 


T.LDrtgoocandW.DNix 


Oepanment  of  MwmU  Science  and  Engineering 
Stanford  Univcrtliy 
Stanford,  CA  W30S 


Ahstraet 

'fhe  creep  defomuiion  behavior  of  irteul-tnatrix  composites  has  been  studied  using  nniie  elemcni 
techniques.  The  objective  of  the  work  has  been  to  understand  the  underlying  mechanisms  of 
fiber  reinforcement  at  high  lempeniures.  Axisymmetric  and  plane  strain  unit  cells  are  used  to 
model  a  material  that  consisu  m  stiff,  elastic  fibers  in  an  elastic,  power  law  creeping  matrix. 
Results  indicate  that  large  triaxial  stresses  are  induced  in  the  matrix  due  to  the  constraint  imposed 
by  the  moreri^  fibers,  and  that  these  stresses  have  a  strong  effect  on  reducing  the  cr^  rate  of 
(he  composite.  The  effect  of  reinforcement  phase  geometry  on  the  overall  defonnation  rate  is 
investigated,  with  particular  emohasis  on  fiber  aspect  ratio,  unit  cell  geometry,  and  various  forms 
of  fiber  clustering.  Theorcticai  predictions  from  this  modelling  are  comps^  to  experimental 
results  of  creep  daormation  in  m^-matxix  composites. 


To  be  published  in: 

Proce^ings  of  the  TMS  International  Conference  on  Advanced  Metal  and  Ceramic  Composites: 
P/M  Processing,  Process  Modeling,  &  Mechanical  Behavior,  Anahdm.  CA,  February  19-22, 
1990 
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The  dcvdofniMt  of  advanced  lenMpace  smictures  and  eapoe  cocDponenti  depends  cridcally  on 
(he  availab&ty  of  uuiiedals  that  mm  their  stifftieas  and  $tnen|th  at  hif  h  tcmpenttures.  While  U 
hat  been  known  forsevend  yean  that  fiber  icinforcetnent  increases  the  strength  and  stiffness  of 
metals  even  at  h’gh  tcmpmtures,  there  is  still  a  lack  cf  understanding  about  the  basic 
defonnadon  pfxxcsses  in  nietal-matrix  composites  at  these  high  temperatures.  Strengthening  has 
been  attribute  to  such  mechanisms  as  load  transfer  from  die  matnx  to  the  fiber  tl],  increased 
dislocatiori  density  around  the  fiber  [2],  constnined  flow  of  matrix  material  ammd  the  fiber  [3], 
and  residual  stresses  resulting  from  thermal  expansion  mismatch  between  the  fiber  and  matrix 
t4].  TTie  impottance  of  each  of  these  mechanisms  in  creep  deformadon  for  any  given  fiber/matdx 
combinadon  has  not  been  adequately  assessed.  In  pantcular.  the  effect  of  geomcuS?  variables 
and  fiber  distribution  has  not  been  clearly  defined  for  the  creep  regime. 

The  objeedve  of  d,is  study  is  to  further  understand  the  geometrical  constnints  on  plasdc  flow 
during  creep  deformadon  in  fiber  icinfoccod  metal-matrix  composites.  Finite  element  modelling 
is  us^  to  characterize  the  evolution  of  hydrostatic  stress  and  plasdc  strain  during  creep 
deformadon  and  to  consider  the  effecu  of  various  geometrical  arrangements  of  fibers  on  the 
overall  steady  state  creep  rate. 


Fmkc  Elflpcni  Makl  Dtacripoon 

The  process  of  formulating  the  boundary  value  problem  to  be  solved  by  the  finite  element  method 
is  illustrated  in  Figure  1.  In  order  to  r^e  the  problem  tracuble,  the  fibers  are  represented  by 
cylinders  of  half-length  /  and  radius  r  in  a  regular  array  align^  with  the  principal  loading 
direcdon.  The  ratio  of  fiber  length  to  diameter,  Ur,  is  d^d  as  the  fiber  aspect  ratio.  It  is 
further  assutoed  diat  this  regular  array  of  fibers  may  be  approximated  by  a  unit  cell  consisting  of 
a  single  fiber  embedded  in  a  cylinder  of  matrix  material  of  half-length  a  at^i  radius  b.  The  ratio 
of  unit  cell  length  to  diameter,  alb,  is  defined  as  the  unit  cell  aspect  rado.  The  symmetry  of  the 
problem  is  us^  to  further  simplify  the  three  dimensional  unit  cell  to  a  two  dinnensional 
axisymmetric  unit  'lulf  cell"  as  shown  in  the  figure.  The  e^ect  of  the  other  fibers  in  the  array  is 
simulated  by  appre^ate  choice  of  the  boundary  condidons  on  the  outer  surface  of  the  cylinder. 
The  boundary  coitions  on  the  unit  cell  are  summarized  as: 


u,«0 

o 

a 

t? 

on 

r»0 

(1) 

Uj»0 

Olrx“0 

on 

z*0 

(2) 

u,»«/(z)  <r„«0 

on 

r»b 

(3) 

uz»*yir)  cTrt-O 

on 

z*a 

(4) 

The  composite  is  loaded  with  a  constant  average  stress  of  H,  and  condidon  (4)  ensures  that  the 
tractions  on  uSe  end  of  the  unit  ceil,  T,  are  ^ven  by: 

jTdA  =^A  (5) 

The  inner  boundaries  between  the  fiber  and  matrix  are  assumed  to  be  perfectly  bonded  so  that  all 
displacements  are  condnuous  across  the  boundary.  The  consdtudvc  behavior  for  the  fiber  is 
purely  elastic,  and  the  matrix  is  modelled  as  elasdc-viscoptasdc : 

E=ff/E  for  fiber  (6) 

e=a/E  +  Co*  for  matrix  (7) 

where  E  is  the  Young’s  modulus  for  the  material,  n  is  the  stress  exponent,  and  C  is  a  constant 
which  depends  on  temperature.  While  any  choice  of  material  is  possible,  for  this  study  6061 


aluminum  reinforced  with  20%  silicon  carbide  whiskers  with  the  following  properties  [5,6,7] 
will  be  used: 


Eai-68.3  GPt 

VAi- 0.345 

(8) 

Esic  *  470  GPa 

VSiC  *  0.300 

(9) 

n  ■4.0 

(10) 

The  boundary  value  problem  thus  formulated  is  solved  using  MARC,  a  commercially  available 
finite  element  code  for  structural  pr^Iems  [8].  A  mesh  of  approximately  150-200  axisymmetric 
8-node  isoparametric  elements  is  constructed  for  each  geometry  under  consideration. 
Convergence  studies  show  this  number  of  elements  to  be  sufficient  to  describe  the  stress  state 
accurately.  An  updated  Lagrangian  element  formulation  is  used  to  account  for  the  geomea7 
changes  associated  with  large  strain  plas^ity,  expected  in  the  more  highly  stressed  regions  of  the 
mesh.  A  Newton-Rhapson  technique  with  a^pdve  time  stepping  is  used  to  solve  the  nonlinear 
equations  associated  with  plastic  dtfonsadon. 


Results 


Description  of  Stress  State 

For  all  subsequent  analyses,  the  nominal  conditions  for  the  "base  case*^  have  been  defined  as  an 
average  stress  of  80  MPa  applied  at  561*’IC  to  a  composite  consisting  of  aligned  SiC  fibers  with  a 
volume  fraction  of  20%  and  an  aspect  rado  of  5  in  a  matrix  of  6061  aluminum  having  a  cell 
aspect  rado  of  5  as  well.  Under  these  conditions,  the  predicted  creep  rate  is  3.41  x  10^  sec**, 
which  is  in  good  agreement  with  the  experimental  data  for  the  composite  at  this  stress  and 
temperamre.  All  variadons  in  geometric  arrangement  will  be  compared  to  this  base  case>to 
determine  the  effea  of  the  variadons. 

Axial  Stress.  Figure  2  shows  the  development  of  axial  stress  within  the  composite  upon  inidal 
loading  and  after  4,  18  and  36  hours  of  creep  deformadon.  The  figures  are  plots  of  the 
magnitude  of  the  axial  stress  as  a  funedon  of  radial  and  axial  posidon  within  the  unit  cell  of  the 
finite  element  model.  The  numbers  printed  around  the  surface  plot  indicate  the  magnitude  of  die 
quanddes  plotted  in  certain  important  areas  of  the  mesh. 

Upon  inidal  loading,  the  fiber  bean  a  large  fracdon  of  the  load,  with  the  stress  reaching  a  value 
of  194  MPa  or  over  twice  the  applied  stress  of  80  MPa.  The  stress  decreases  axially  along  the 
centerline  of  the  fiber  and  is  condnuotis  across  the  fiber/matrix  interface.  Note  that  this  load 
transfer  across  the  end  of  the  fiber,  which  is  often  neglected  in  simpler  analyses,  is  a  significant 
105  MPa.  Axial  stress  in  the  matrix  is  significandy  lower  at  20  MI^ .  Note  that  thae  is  a  large 
stress  concentradon  of  248  MPa  at  the  sharp  comer  of  die  fiber.  While  the  presence  of  this  stress 
concent^on  is  expected,  its  value  may  not  be  very  accurate  because  the  mesh  is  not  refined 
enough  in  this  area  to  capnire  the  rapid  increase  of  stress  with  posidon.  However,  since  the 
primary  purpose  of  this  study  is  to  look  at  the  deformadon  of  the  matrix,  errors  in  the  prediedon 
of  the  stress  concentradon  in  the  fiber  should  not  affect  the  overall  prediedon  of  creep  rate  of  the 
composite. 

As  the  matrix  creeps  around  the  fiber,  it  forces  the  extension  of  the  fiber  because  of  the  perfect 
bond  at  the  fiber/matrix  interface.  This  results  in  an  increase  by  nearly  a  factor  of  two  in  the  axial 
stress  in  the  center  of  the  fiter  after  four  hours  of  creep,  reaching  a  maximum  of  390  MPa  after 
18  hou'S  of  creep  deformadon.  Consequently,  in  erder  for  equilibrium  to  be  maintained,  axial 
stresses  in  the  matrix  around  the  center  of  the  fiber  become  compressive.  A  maximum 
compressive  stress  of  97  MPa  is  established  in  the  coraposuc.  Note  that  after  36  hours,  there  is 
virtually  no  change  in  the  stress  state  around  the  fiber  indicaring  that  ste^y  state  has  been 
achieved. 

Hydrostatic  Stress.  Figure  3  shows,  the  evoludon  of  hydrostadc  stress  in  and  around  the  fiber. 
As  seen  in  the  axial  stress  profile,  tensile  hydrostatic  stresses  are  produced  within  the  fiber,  and 
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Figure  4  -  Evolution  of  equivalent  plastic  creep  strain  within  the  composite  over  time. 

Each  surface  plot  represents  the  magnitude  of  the  plastic  creep  strain  plotted 
as  a  function  of  radial  (r)  and  axial  (z)  position  within  the  unit  cell  at  the  time 
indicated.  The  numbers  represent  strains  in  percent  for  pertinent  areas  of  the 
surface  plot. 


thcM  stresses  increise  with  creep  defonnadon.  Large  hydrosttde  con^pressive  stresses  develop 
in  the  matrix  around  the  center  of  the  fiber.  These  comprewve  stresses  nuy  be  attributed  to  the 
coostnuned  outer  smface  of  the  cylinder  of  the  unit  cell  which  cause  large  compressive  radial  and 
circurxiferential  stresses  to  develra.  Note  that  by  the  time  steady  state  is  reached,  the  streas  sute 
in  the  matrix  near  the  fiber  center  is  purely  hydrostatic  in  nature,  with  the  hythostadc  stress  ('101 
MPa)  being  roughly  equivalent  to  the  axial  stress  (-97  MPa). 

Near  the  end  of  the  fiber,  there  is  a  rapid  variadon  in  the  stress  field,  changing  from  slightly 
compressive  within  the  fiber  end,  to  strongly  tensile  in  the  matrix,  with  a  steady  state  value  of 
about  180  MPa.  The  variadon  in  the  stress  field  can  be  seen  most  clearly  in  the  t«0  surface  plot 
of  Figure  3.  The  same  variadon  exists  at  subi^uent  dmes,  but  it  is  obscured  in  the  surface  plot 
by  the  peak  stresses  near  the  fiber  comer.  This  phenomenon  can  be  explained  by  the  difference 
in  Poisson's  rados  for  the  two  materials.  The  alutrunum  matrix,  with  the  larger  Poisson’s  rado, 
wants  to  contract  radially  mote  than  the  stiffer  fiber  will  allow.  Consequently,  the  matrix 
"squeezes”  the  end  of  the  fiber  radially  resuldng  in  compressive  hydrostadc  suesscs.  The  fiber, 
on  the  other  hartd,  resists  this  defonnatioa  and  "pulls"  the  matrix  into  tension.  The  magnitude  of 
these  stresses  is  also  seen  to  increase  with  creep  defonnadon  undl  a  steady  state  is  reach^ 

Creep  Strain.  Equivalent  creep  strain  in  this  context  is  defined  as  the  integral  of  the  equivalent 
creep  strain  rate  given  by  the  consdtudvc  law: 

I  t 

e,  =  J?.dt=  JC3„‘dt  (11) 

0  0 

where  is  the  equivalent  creep  smun  rate  and  is  Von  Mises  equivalent  stress.  Figure  4 
shows  the  evoludon  of  plasdc  creep  strain  in  and  arout)d  the  fiber.  As  expected,  there  is  no 
plasdc  creep  strain  upon  inidal  loading.  Once  creep  deformadon  begins  to  take  pl&ce,  strain  is 
concentrated  in  the  matrix  in  the  region  of  the  sharp  fiber  comer.  After  36  hours,  a  maximum  of 
7.2%  strain  is  seen  locally  although  the  overall  strain  of  the  composite  at  this  dme  is  only  0.6%. 
While  not  modelled  in  this  simuladon,  it  is  highly  likely  that  damage  would  accrue  in  this  highly 
deformed  region,  leatUng  uldmately  to  terdary  creep  of  the  cotx^iosite  and  uidmate  failure. 


Effect  of  Fiber  Aspect  Ratio 

Fiber  aspect  rado  (Ur)  was  varied  over  the  range  of  3  to  20,  represendng  the  typical  range  of  fiber 
aspect  ratios  found  in  whisker  composites.  In  order  to  make  a  valid  comparikm  between  rixxiels 
with  differing  fiber  aspect  rados,  me  cell  aspect  rado  was  assigned  the  same  value  as  the  fiber 
aspect  rado.  This  has  the  effect  of  preserving  the  rado  of  matrix  material  at  the  fiber  end  to 
matrix  material  at  the  fiber  rides.  Under  the  nominal  condidons  of  S61°K  and  80  MPa,  creep 
rates  were  determined  for  composites  of  varying  fiber  aspect  rados,  and  the  results  presented  in 
Figure  S  in  the  fotm  of  a  strain  rate  versus  strain  plot 

In  all  cases,  there  is  a  short  transient  where  strain  rate  decreases  as  load  is  transferred  from  the 
matrix  to  the  fibers.  Note  that  while  this  transient  looks  like  primary  creep  behavior  exhibited  by 
many  pure  metals  and  Qass  II  solid  solution  alloys,  there  is  no  primary  creep  modelled  in  the 
matrix  at  the  present  dme.  The  steady  state  strain  rate  is  seen  to  decrease  by  several  orders  of 
magnitude  as  the  fiber  aspect  rado  is  increased.  This  effect  is  explained  by  the  more  severe 
constraint  on  the  matrix  material  flowing  around  the  fibers.  In  this  migned  configuradon,  as  the 
fiber  aspect  rado  increases,  the  inter-fiber  distance  decreases,  resuldng  in  a  smaller  cross 
secdomd  flow  area  for  the  matrix  material.  In  this  region  around  the  sides  of  the  fiber,  the 
compressive  hydrostat^  stress  is  seen  to  inCTease  with  fiber  aspect  rado  from  a  value  of  -70  MPa 
for  an  aspect  ratio  of  3  to  a  value  of  -1 10  MPa  for  an  aspect  ratio  of  20.  The  large  hydrostadc 
compressive  stress  in  this  region  inhibits  local  creep  defonnation. 

In  order  for  the  composite  to  extend  in  the  axial  direction,  matrix  deformation  must  take  place 
both  in  the  mort  highly  constrained  region  at  the  sides  of  the  fiber  and  in  the  less  constrained 
region  at  the  end  of  the  fiber.  With  the  side  walls  of  the  unit  cell  constrained  as  described  by 
equations  (3)  and  (4),  the  two  deforming  zones  are  placed  "in  parallel",  and  the  overall 


Figure  5  -  ECfcci  of  varying  fiber  aspect  ratio  on  the  simulated  creep  rate  of 
6061  Al/20%  SiC  whisker  composites. 
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Figure  6  -  Effect  of  varying  unit  cell  aspect  ratio  on  the  simulated  creep  rate  of 
606 1  A1  /  20%  SiC  whisker  composites.  In  all  cases,  the  fib«‘  aspect 
ratio  remains  at  a  value  of  5. 


defonnadon  rate  of  the  composite  U  limited  by  the  deformation  rate  of  the  more  slowly 
defonnins  region  at  the  fiber  sides.  In  order  to  assess  the  constraint  cffecu  on  the  overall 
deformation  rate  of  the  composite,  a  fiiute  element  simuladon  was  run  with  the  constraints  of 
equations  0)  and  (4)  temov^  In  iu  place,  cracdon-free  boundary  condidons  were  subsdmied. 
With  the  side  wall  constraint  removed  in  this  fashion  the  two  regions  are  placed  '*in  series'*  and 
are  free  to  deform  independendy.  Consequently,  the  overall  deformation  rate  of  the  ccmposite  is 
set  by  the  mote  rapidly  deforming  zone  at  the  fiber  end.  Without  the  constraint  on  the  outer 
surface  of  the  unit  cell,  the  steady  state  creep  rate  is  increased  by  nearly  two  orders  of  magnitude 
to  3.14  X  10^  sec'I.  The  importance  of  the  lateral  constraint  of  the  unit  cell  in  accurately 
modelling  deformation  behavior  of  composites  has  already  been  stressed  by  Christman  et  al.  [9]. 

Effect  of  Unit  Cell  Aspect  Ratio 

Unit  cell  aspect  rado  (aJb)  was  varied  over  the  range  of  2.5  to  10  to  simulate  the  effects  of  fibers 
being  clustered  togetha  axially  (oeU  aspect  rado  si^)  and  radially  (cell  aspect  rado  large).  In  all 
cases  the  fiber  aspect  ratio  was  held  constant  at  a  value  of  5.  Chai^gtte  cell  aspect  rado  has 
the  effect  of  varying  the  relad^/e  amounts  of  matrix  material  at  the  fiber  ends  and  die  fiber  sides. 
The  resulu  are  plot^  in  Figure  6  in  the  form  of  strain  rate  versus  strain  curves. 

Radial  clustering  of  the  fibers,  as  described  by  an  increase  in  the  unit  cell  aspect  rado,  causes  a 
greater  constraint  on  the  flowing  matrix  material  and  results  in  a  lower  creep  rate.  While  it  is  mie 
that  there  is  more  matrix  material  at  the  fiber  ends,  and  this  material  is  subject  to  less  constraint 
from  the  fiber,  the  smaller  amount  of  matrix  matetird  at  the  fiber  sides  is  very  gready  constrained 
and  causes  a  leducdon  in  the  overall  creep  rate  of  the  composite. 

For  very  low  cell  aspect  rados,  when  the  fibers  are  strongly  axially  clustered,  the  material  trapped 
between  the  two  fibo'  ends  cannot  effeedvely  contribute  to  the  flow  of  the  composite.  Thus  the 
con^iosite  bepns  to  act  like  a  continuous  fiber  comptMire,  having  a  very  low  creep  rate.  This 
explains  the  decrease  in  creep  rate  as  the  cell  aspect  rado  is  reduced  from  3.5  to  2.5.  Taking  this 
trend  further,  at  a  cell  aspect  rado  of  2.236,  the  compori'^e  would  have  condnuous  fibers  (for  this 
volume  fracdon  of  20%)  and  a  steady  sute  creep  rate  ofO. 

Effect  flf  Oflknint  Fibm 

In  all  the  previous  finite  element  simuladons,  the  unit  cell  has  consisted  of  a  single  fiber  in  the 
surrounding  matrix  material  In  order  to  assess  the  effects  of  clustering  and  intcracdons  between 
fibers,  it  is  necessary  to  include  two  or  more  fibers  offset  in  some  way  within  the  unit  cell. 
Ck>nsequendy,  the  axisynunetry  of  the  sin^e  fiber  unit  cell  is  lost  and  a  full  three  dimensional 
model  must  be  used  in  order  to  fully  describe  the  geometry.  However,  valuable  insights  may 
still  be  gained  from  the  much  simpler  two  dimensional  plane  strain  niodel.  In  this  case,  the 
results  will  describe  the  intenedon  Mtween  two  infinitely  wide  plates,  and  therefore  will  not  be 
direedy  comparable  to  the  previously  derived  results  for  axisymnxtric  cylinders.  For  example,  at 
the  same  20%  volume  fracdon  of  reinforcement  and  the  loading  conmtions  of  and  80 
MPa,  the  single  fiber  caisyntmttric  model  predicts  a  steady  sute  creep  rate  cf  3.41  x  10'^  sec*l 
while  the  single  plate  plane  strain  model  predicts  a  steady  sute  creep  rale  of  1.29  x  lO**^  sec'l. 
This  difference  of  a  factor  of  nearly  4  shows  that  the  results  are  not  directly  comparable. 
However,  it  is  believed  that  the  trends  apparent  in  the  plane  strain  dau  for  various  geometries 
will  still  be  valid  for  comparable  geometries  in  the  fiber  composite. 

Figure  7  shows  the  geometry  of  the  v.'^it  cell  for  this  part  of  the  invesdgation.  Because  of  the 
symmetry  of  the  problem,  the  unit  cell  consists  of  one  quadrant  of  each  of  the  two  fibers  within 
the  unit  ceU.  The  fiber  center-to-center  distance  along  the  x  direcdon  is  defined  as  a;  the  center- 
to-center  distance  along  the  y  direction  is  defined  as  b.  The  offset  rado  is  defined  as  alb.  For  the 
offset  fiber  plane  strain  geometry,  varying  the  offset  ratio  varies  the  amount  of  overlap  between 
the  fibers.  For  offset  ratios  less  than  2,  the  fibers  overlap,  with  a  lower  aspect  ratio  meaning  a 
greater  degree  of  overlap.  Offset  ratio  was  varied  over  the  range  of  1  to  12.5,  while  holding  the 
fiber  aspect  ratio  constant  at  a  value  of  5.  The  predicted  creep  rates  arc  presented  in  Figure  8. 
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Figure  8  -  Efifcct  of  varying  offset  ratio  on  the  simulated  creep  rate  of  6061  A1  /  20% 
SiC  whisker  composites.  In  aU  cases,  the  fiber  aspwt  ratio  remains  at  a 
value  of  5. 
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OvCTlapping  of  fibers,  as  described  by  a  decrease  in  the  offset  rado,  results  in  an  increase  in  the 
creep  rate.  In  this  overlapped  condguradon.  the  tensile  hydrostadc  stress  field  associated  with 
the  end  of  one  fiber  a^  to  the  compr^ve  hydrosude  stress  field  associated  with  the  sides  of 
the  other  fiber  resuldng  in  a  net  tensile  hydrosude  stress  field  throughout  the  matrix.  This 
reduced  degree  of  constrabt  on  the  matrix  manifesu  itself  as  an  increase  in  the  creep  rate  of  the 
cotnp^te.  In  Kldidott  to  an  increased  steyiy  state  creep  rafi  the  overiapped  fiber  configuration 
exhibits  a  much  shorter  transient  to  establish  steady  state,  indkadve  of  tite  ease  with  which  the 
matrix  material  can  flow  sonad  the  fibers.  Note  that  if  the  offset  ratio  is  decreased  below  a  value 
of  1,  steady  state  oeep  rate  will  deotaae  because  of  the  increased  difficulty  for  flow  of  matrix 
material  trapped  betwm  the  ends  of  the  fibers.  At  an  offset  rado  of  0.5,  the  composite  would 
have  continuous  fibers  (for  this  volunae  fracdon  of  20%)  and  a  steady  state  creep  rate  of  0. 


Simubdon  of  Creep  PtfonnaDQP 

A  comparison  between  the  cre^  deformadon  behavior  of  the  6061  AV20%  SiC  composite  (from 
the  dau  of  Nieh  [7])  and  the  simulated  behavior  of  the  finite  element  model  is  shown  in  Figure 
9.  While  the  finite  element  model  of  the  composite  simulates  an  appropriate  redu^iion  in  creep 
rate  of  the  matrix  material  at  high  stresses,  it  grossly  overpredicu  the  cr^  rate  at  lower  stresses. 
Since  the  finite  elenxnt  modelling  is  based  on  a  continuum  treatment,  the  simulated  stress 
dependence  of  the  composite  must  be  the  same  as  the  stress  dependence  of  the  matrix  material 
alone,  namely  having  a  stress  exponent  of  4.  This  is  not  in  agreement  with  the  observed  stress 
exponent  for  the  conqxmte  of  n^y  21  10].  Geariy,  other  microstructural  features  such  as 

dislocadons  and  grain  boondaxies  are  inhibiting  flow  at  low  stresses.  Finite  element  modelling 
alone  cannoc  assess  the  effect  of  these  feaiur^  and  further  experimentation  is  needed  to  describe 
the  stress  dependence  of  the  composiie  material 


Figure  9  -  Comparison  of  finite  element  simuladons  with  experimental  data,  for 
6061  A1  /20%  SiC  whiskers  at  561fC  E)ata  taken  fern  Nieh  H}. 


CoaclujdQm 

In  sununuy,  this  wodc  has  sho'jm  that  for  a  regular  array  of  aligned  fibers  a  creeping  matrix: 

1.  The  constraint  on  the  outer  surface  of  the  unit  cell  is  crucial  to  accurately  model  the 
deformation  behavior  of  the  composite  because  the  overall  dcfoimadon  of  die  composite  is 
controlled  by  the  flow  of  the  matrix  through  the  highly  constrained  region  around  the  rigid  fibers. 

2.  Increasing  either  the  fiber  aspect  ratio  or  the  unit  cell  aspect  rado  while  holding  the  volume 
fraction  constant  reduces  the  spacing  between  flbers  and  results  in  higher  compressive 
hydrosude  stresses.  Higltcr  hydtosutic  stresses  arc  Indicadve  of  a  greater  degree  of  consiraint  on 
the  matrix  material  and  cause  a  decrease  in  the  steady  state  creep  rate  of  the  composite. 

3.  Offsetting  fibers  causes  the  hydrosude  tensile  and  compressive  stress  fields  of  adjacent  fibeis 
to  overlap  aru  reduce  the  degree  of  constraint  on  the  matrix  material,  which  in  turn  results  in  an 
increase  m  the  steady  state  creep  rate. 

4.  Finite  clement  modelling  of  creep  behavior  can  simulate  a  reduction  in  the  creep  rate  of  the 
composite  but  cannot  adequately  predict  the  observed  high  stress  exponent  of  the  composite 
metcdai. 
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ABSTRACT 


The  results  of  three-dimensional  finite  element  calculations  are  presented  for  a 
cubic  array  of  rigid  spherical  inclusions  embedded  in  an  clastic  perfectly  plastic  matrix. 
The  analysis  examines  the  strengthening  effect  of  the  Inclusions  under  macroscopic  loads 
of  uniaxial  tension  and  pure  shear.  At  low  volume  fractloi«,  the  fractional  incre.asc  in 
strength  is  more  modest  than  the  volume  fraction  of  particles,  and  only  becomes 
comparable  at  around  40%  loading.  The  local  stress  and  deformation  fields  in  the  region 
of  the  inclusion  are  presented.  The  numerical  results  show  that  for  volume  fractions  of 
inclusions  below  about  25%  the  surface  tractions  on  the  Inclusion  have  the  same  order  of 
magnitude  as  the  matrix  material's  tensile  yield  stress.  Volume  fractions  of  40%  particles 
arc  necessary  before  the  interface  tractions  are  approximately  double  the  yield  strength. 

1.  INTRODUCTION 

A  hard  second  particulate  phase  is  sometimes  added  to  ductile  metals  to  provide 
improved  strength  and  ether  specific  mechanical  properties.  In  addition,  such  hard 
particles  are  often  present  in  alloys  as  a  result  of  processing  and  both  types  of  inclusions 
provide  a  source  for  ductile  fracture.  When  the  particles  are  large,  bigger  than  Ipm  say, 
they  v;ill  act  as  continuum  elements  within  the  mlcrosctructure.  Tlien  the  role  of  those 
particles  in  strength  and  fracture  must  be  understood  and  modelled  in  that  context.  This 
paper  presents  some  results  of  continuum  calculations  for  hard  spheres  embedded  in  a 
perfectly  plastic  matrix,  providing  information  relating  to  strength  and  fracture. 

There  have  been  some  attempts  to  model  the  strength  of  ductile  materials 
reinforced  by  large  hard  particulates.  Drucker  (1)  used  limit  theory  to  show  that  small 
volume  fractions  of  Inclusions  would  have  a  negligible  influence  on  strength  because 
they  would  fail  to  inhibit  the  plastic  flow.  He  also  estimated  the  strengthening  effect  of 
hexagonal  fibers  loaded  transversely  and  interpreted  the  model  for  particulates  with 
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hexagon-shaptd  CTO$s-sectlons.  He  found  only  weak  effects  at  low  volume  fractions  of 
particles.  However,  he  deduced  that  above  50%  loadings,  the  fractional  strengthening 
exceeds  the  particle  volume  fraction  and  rises  in  a  strongly  nonlinear  fashion  with 
volume  fraction.  This  arises  due  to  the  constrained  plastic  flow  which  occurs.  Similarly, 
Duva  (2)  finds  modest  strengthening  at  low  volume  fractions  of  spherical  Inclusions  in  .n 
power  law  m.ntrix  where  he  used  the  self  consistent  averaging  scheme  to  obtain  results. 
The  fractional  strengthening  over  the  matrix  level  is  about  half  the  volume  fraction 
when  the  latter  is  low  and  again  the  rule  of  mixtures  estimate  is  exceeded  substantially 
only  above  50%  loadings. 

Cell  model  calculations  for  sphcriol  inclusions  in  strain  hardening  materials  (3,  •}) 
indicate  the  same  behavior  .-it  low  volume  fractions  up  to  10%  in  that  there  is  little 
strengthening.  However,  Christman  et  al.  (4)  report  that  squat  cylinders  in  cell 
alculations  have  a  more  substantial  effect  on  strength,  which  they  attribute  to  the  angular 
shape  of  such  reinforcements  and  its  Influence  on  strain  hardening.  They  also  attribute 
many  features  of  the  plastic  flow,  strength  and  failure  of  ductile  matrix  composites  to  the 
plastic  constraint  which  develops  between  the  reinforcements. 

Many  numerical  alculations  have  been  carried  out  to  determine  the  tensile  stresses 
arising  at  the  particle-matrix  interface.  For  isolated  particles,  the  tensile  stresses  have  a 
magnitude  comparable  to  the  matrix  yield  strength  (5-10),  not  more  than  60%  above  the 
applied  stress.  The  exception  Is  Thomson  and  Hancock  (8)  where  no  steady  polar  stress 
occurs  on  the  particle  and  the  stress  level  continues  to  climb  with  strain.  This  apart,  the 
stress  levels  are  thought  generally  to  be  too  low  to  explain  particle  decohesion  or  aacking 
in  ductile  failure  (7).  Argon  et  al.  (7)  suggested  that  proximity  interactions  between 
neighboring  particles  would  elevate  the  interface  stresses.  This  would  occur  due  to  plastic 
constraint.  Needleman  (3)  outlined  an  alternative  possibility  that  nominal  stresses  on 
isolated  particles  could  cause  void  nucleation  and  used  a  model  with  cohesion 
characteristics  to  model  the  preress.  A  fairly  high  triaxiality  was  irivoked  in  the  nominal 
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stress  field,  however,  more  characteristic  of  a  crack  tip  domain  (11)  than  a  necking  tensile 
bar. 

In  this  paper  we  present  the  results  of  calculations  for  plastic  flow  around  a  cubic 
oiray  of  rigid  spheres.  Both  the  effect  on  svrength  and  the  Interface  stress  levels  arc 
considered.  Uniaxial  tension  and  pure  shear  are  analyzed  for  a  few  volume  fractions  of 
particles.  Most  results  involve  low  loadings  of  particles  of  less  than  25%  in  whidr  case  the 
effects  are  modest  and  interactions  between  particles  are  mild.  However,  one  result  for 
38%  of  particles  is  also  provided. 

2.  FORMULATION  OF  THE  BOUNDARY  VALUE  PROBLEM 

A  ductile  material  containing  hard  second  phase  particles  was  modelled  as  a 
periodic  cubic  array  of  rigid  spherical  inclusions  embedded  in  an  elastic-perfcctly  plastic 
matrix.  A  single  representative  cube  of  matrix  material  with  the  appropriate  symmetry 
and  periodicity  conditions  at  the  faces  of  the  cell  was  used  in  the  calculations  as  shown  in 
Figure  1  and  2.  All  six  sides  of  the  cell  cube  were  constrained  to  remain  plane  so  that  the 
cell  deforms  into  a  right  parrallelopiped.  The  cube  contains  a  single  rigid  spherical 
inclusion  at  the  center  of  the  cell  as  indicated  in  Figure  2.  The  effect  of  this  Inclusion  was 
modelled  by  constraining  displacements  at  the  Inclusion-matri/  interface.  The  elastic 
response  of  the  matrix  material  was  Isotropic;  the  plastic  response  was  perfectly  plastic  and 
governed  by  a  von  Mises  yield  criterion  with  the  associated,  Prandtl-Rcuss  flow  rule. 

Displacement  boundary  conditions  are  imposed  at  the  face  of  the  cube  to  make  the 
normal  surface  tractions  correspond  to  a  given  macroscopic  stale  of  stress.  All  shear 
tractions  on  each  face  of  the  cube  are  zero.  Two  macroscopic  stress  stales,  shown  in  Figure 
1,  were  analyzed;  pure  shear  and  uniaxial  tension.  For  an  elastic-plastic  matrix  material 
with  an  elastic  inclusion,  Wilner  (3)  has  shown  that  when  purely  hydrostatic  stresses  are 
involved,  very  high  stresses  are  required  f<  istic  zone  of  significant  size  to  develop. 
Therefore,  a  moderate  maaoscopic  hydrosu  .ponent  of  stress  can  be  superimposed 
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on  the  solutions  for  uniaxUl  stress  and  pure  shear  without  perturbing  the  piasticity 
behavior.  Thus,  the  magnitude  of  stress  at  the  inclusion-matrix  interface  can  be  estimated 
from  the  finite  element  results  to  which  can  be  added  the  superimposed  hydrostatic  stress. 

The  problem  of  a  complete  cubic  cell  containing  a  spherical  void  can  be  reduced  due 
to  the  symmetry  of  the  two  loading  conditions  examined.  For  the  case  of  macroscopic 
uniaxial  tension,  five  planes  of  symmetry  exist  and  only  one  sixteenth  of  the  cell  need  be 
considered.  Figure  2  shows  those  symmetry  planes  and  the  fraction  of  the  cell  that  was 
actually  analyzed.  The  appropriate  boundary  conditions  were  imposed  on  the  symmetry 
planes.  For  the  case  of  maaoscoplc  pure  shear,  three  planes  of  symmetry  exist  and  only 
one  eighth  of  the  cubic  cell  need  be  considered.  Tire  part  of  the  cell  analyzed  for  the  case  of 
pure  shear  is  the  segment  shown  displaced  in  Figure  2  plus  a  mirror  image  across  the 
diagonal  plane  added  to  it. 

The  volume  fraction  of  inclusions  P  is  determined  by  the  ratio  of  the  inclusion 
volume  to  the  cube  cell  volume.  Inclusion  volume  fractions,  p  =  0.8, 6.5, 12.7, 21.9  and 
38.2%  were  considered. 

The  numerical  computations  were  carried  out  to  large  macroscopic  strains  to  study 
the  plastic  flow  in  the  inclusion-matrix  cell.  For  these  large  defomrations  in  the  matrix,  a 
formulation  and  an  elastic-plastic  constitutive  law  discussed  by  McMeeking  and  Rice  (13) 
were  used  which  accounts  for  targe  rotations  of  the  principal  axes  of  deformation. 

3.  FINITE  ELEMENT  FORMULATION 

The  problem  described  in  Section  2  was  solved  using  ABAQUS,  a  general  purpose 
finite  element  code  (14).  An  updated  Lagrangian  feature  is  used  for  large  deformations. 
The  modified  Riks  aigorithm  described  by  Powell  and  Simons  [15]  was  .tJtin7.ed  for 
incrementing  the  load.  This  algorithm  provides  improved  numerical  stability  for 
problems  involving  perfectly  plastic  material  response.  For  each  increment  of  load. 
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approximately  four  iterations  were  performed  to  achieve  equilibrium  at  the  end  of  the 
step. 

A  typical  finite  element  mesh  used  to  model  the  one  sixteenth  segment  of  the  cube 
unit  cell  under  macroscopic  uniaxial  tension  Is  shown  in  Figure  3.  This  mesh  contains 
135  tv.'cnty  noded  isoparametric  brick  elements  and  3252  degrees  of  freedom.  The  20-node 
brick  clement  was  used  wUh  eight  integration  stations  and  locking  of  the  finite  element 
mesh  due  to  the  plastic  Incompressibility  constraint  was  avoided  by  use  of  an  clement 
feature  based  on  the  method  of  Nagtegaal,  Parks  and  Rice  (16).  The  mesh  for  a 
macroscopic  pure  shear  load  consists  of  that  shown  In  Figure  3  and  its  reflection  aaoss  the 
diagonal  symmetry  plane. 

The  macroscopic  true  strain  Ej  Is  defined  as  1h(1  /  1,)  where  I,  Is  the  length  of 
the  underformed  unit  cell  shown  In  Figure  1  and  1  Is  the  current  length  of  the  unit  cell 
in  the  .tj  direction.  The  coordinate  system  is  defined  so  that  the  x,  axis  lies  in  the 
direction  of  the  macroscopic  tensile  stress  (see  Figure  1).  Calculations  for  uniaxial  tension 
were  carried  out  to  macroscopic  strains  Ej  of  40%  or  until  increments  of  local  plastic 
strains  in  the  matrix  were  too  large  to  allow  convergence  of  the  solution  In  a  reasonable 
amount  of  time.  Calculations  for  pure  shear  were  carried  out  to  macroscopic  strains  of 
10%. 

The  finite  element  computations  were  done  using  a  Convex  C1-XP2 
minisupercomputer  at  the  University  of  California,  Santa  Barbara.  In  a  typical  case  for 
uniaxial  tension,  45  Increments  were  performed  which  required  675  minutes  of  computer 
time. 


4.  RESULTS  OF  THE  FINITE  ELEMENT  ANALYSIS 

Results  of  the  numerical  computations  for  macroscopic  stress  states  of  uniaxial 
tension  and  pure  shear  are  presented  in  this  section.  All  calculations  were  done  with 
material  constants  £  /  ff,=  200  and  v  =  0.3,  where  E  is  Young's  modulus,  o',  is  the 
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yield  stress  in  uniaxial  tension,  and  9  is  Poisson's  ratio.  The  material  in  all  the 
calculations  presented  Ls  perfectly  plastic  obeying  the  von  Mlses  yield  criterion. 

4.1  The  Macroscopic  Effect  of  Risid  Inclusions 

Figure  4  Is  a  plot  of  the  macroscopic  response  of  the  material  containing  rigid 
inclusions  under  uniaxial  tension.  The  macroscopic  true  stress-true  strain  curves  are 
plotted  for  five  different  inclusion  volume  fractions.  As  one  would  expect,  for  all  five 
inclusion  densities,  the  material  Is  strengthened  by  the  particles.  As  the  strain  is 
increased,  the  response  of  the  material  with  the  small  inclusion  densities  p  =  0.8%  and 
6.5%  remains  unchanged  and  there  is  a  classical  limit  flow  at  constant  applied  stress. 
However,  for  the  large  inclusion  densities  p  ==  12.7%  and  21.9%  increasing  strain  causes  a 
slight  strengthening  of  the  material.  Clearly  for  p  =  0.8%  and  6.5%  the  inclusions  have 
little  effect  on  the  plastic  flow  of  the  matrix,  and  it  is  as  if  particles  are  isolated.  Indeed,  the 
strengthening  effect  is  less  potent  than  a  simple  volume  fraction,  with  the  fractional 
increase  of  strength  being  about  p  /  2  .  For  p  =  12.7%  and  21.9%,  the  inclusions  seem 
to  be  interacting  at  larger  strains  in  a  way  that  creates  more  resistance  to  plastic  flow  in  the 
matrix  material,  but  the  initial  effect  is  still  modest  with  the  fractional  increase  of  strength 
still  limited  to  p  /  2  .  Only  when  p  =  38.2%  is  the  fractional  increase  of  strength  in 
excess  of  p. 

Figure  5  is  a  plot  of  the  stress-strain  behavior  of  the  cubic  cell  under  conditions  of 
pure  shear.  The  results  show  that  for  all  Inclusion  densities  there  is  a  steady  Increase  in 
the  strength  of  the  composite  material  with  Increasing  strain.  For  the  three  lowest 
Inclusion  densities  of  0.8,  6.5  and  12.7%,  the  response  of  the  material  is  roughly  the  same 
with  a  slight  divergence  with  increasing  strain.  However,  for  the  21.9%  inclusion  density, 
the  composite  material  has  a  higher  strength. 
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4.2  Thi  Local  Stress  and  Strain  Fields  Around  the  Inclusions 

Figures  6  are  contour  plots  of  the  tensile  effective  plastic  stain  ^  In  a  cross  section 
of  the  cell  with  p  =  6.5%  for  uniaxial  tension.  The  tensile  effective  plastic  strain  Is  a 
measure  whose  rale  of  change  Is  defined  as 

=  (I) 

r 

where  a  Is  the  plastic  part  of  the  deformation  rale  which  In  turn  Is  the  symmetric  part 
of  the  spatial  velodly  gradient.  The  dark  lines  in  Figure  6  represent  the  boundary  of  the 
plastic  zone,  and  Indicate  the  development  of  the  zone  during  the  early  stages  of  loading. 
The  finite  element  results  show  that  yielding  first  occurs  In  the  matrix  above  the 
Inclusion.  The  plastic  zone  quickly  moves  down  to  the  ligament  between  the  inclusion 
and  Us  transverse  neighbor.  Once  the  plastic  zone  envelops  this  ligament,  the  limit  load 
of  the  cubic  cell  is  reached  and  plastic  flow  is  relatively  unconstrained  in  the  matrix. 
However,  small  regions  in  the  matrix  at  the  top  and  side  of  the  inclusion  remain 
completely  elastic  at  high  macroscopic  strains. 

Figure  7  is  a  contour  plot  of  the  tensile  effective  plastic  strain  ^  in  a  section  of  the 
cubic  cell  for  p  »  6.5%  in  uniaxial  tension  at  a  macroscopic  strain  E,  of  10%.  Tlie  contour 
plot  shows  that  most  of  the  plastic  deformation  occurs  directly  above  the  inclusion, 
because  the  ligament  between  the  inclusion  and  its  neighbor  in  the  tensile  direction  must 
deform  more  than  other  material  to  maintain  compatibility  with  the  macroscopic  strain. 
The  strain  level  in  the  rest  of  the  cell  is  roughly  uniform  at  the  level  of  the  macroscopic 
strain.  However,  in  the  ligament  between  the  inclusion  and  its  neighbor  in  the 
transverse  direction,  there  is  a  slight  elevation  in  the  plastic  strain  which  indicates  a  small 
amount  of  interaction  between  the  two  particles.  There  is  also  a  slight  concentration  of 
strain  on  the  inclusion  surface  at  45®  above  the  transverse  plane. 
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The  inlcracHon  between  particles  is  seen  more  clearly  for  higher  inclusion 
densities.  Figure  8  is  a  contour  plot  of  the  tensile  effective  plastic  strain  for  p  “  21.9%  in 
uniaxial  tension  at  a  macroscopic  strain  Ej  of  11.1%.  The  cell  is  contracting  in  the 
transverse  direction  and  this  has  become  noticeable  at  this  strain  level.  This  contraction 
and  the  incompressibility  constraint  results  in  strains  in  the  ligaments  which  are  higher 
than  the  macroscopic  strain.  Material  is  flowing  away  from  the  ligament  on  the 
transverse  plane  and  into  the  ligament  separating  particles  in  the  tensile  direction.  Two 
shear  bands  on  planes  oriented  at  45**  to  the  direction  of  the  tensile  loading  are  required  to 
accommodate  the  motion  of  the  matrix  relative  to  the  particle. 

Figure  9  is  a  contour  plot  of  the  effective  plastic  strain  in  a  section  of  the  cubic  cell  in 
pure  shear  when  the  macroscopic  shear  strain  Ej  is  9,0%.  The  figure  shows  that  most  of 
the  plastic  deformation  lies  in  shear  bands  oriented  in  the  direction  of  maximum 
macroscopic  shear.  These  shear  bands  lie  between  diagonal  layers  of  inclusions.  The 
contour  plot  (Figure  9)  also  shows  that  in  pure  shear  even  for  high  strains,  regions  in  the 
matrix  directly  above  and  to  the  side  of  the  inclusion  still  remain  elastic. 

The  finite  clement  analysis  was  also  used  to  obtain  the  stress  at  the  particle's 
surface.  Figure  10  is  a  plot  for  the  uniaxial  tension  case  of  the  normal  interfaciat  stress  for 
an  inclusion  density  p  =  6.5%  versus  the  angle  ^ ,  which  is  defined  in  the  figure  inset. 
The  stress  states  at  various  levels  of  maaoscopic  strain  are  plotted.  Tlie  results  show  that 
the  interfacial  stresses  reach  a  steady  state  at  high  strains.  The  maximum  normal  stress 
predicted  by  the  finite  element  calculation  is  approximately  1.4o;  and  it  occurs  over  a 
region  from  70®  to  90®.  Argon  et  al.  [7],  Wilner  (lOj  and  Budlansky  (9)  have  noted  that  for 
isolated  inclusions  the  maximum  normal  stress  occurs  at  an  angle  slightly  off  the  pole  but 
it  is  not  clear  in  our  finite  element  results  if  that  is,  in  fact,  the  case.  The  dashed  line  in 
Figure  10  is  the  stress  state  when  no  inclusions  are  present  in  the  matrix.  Clearly  the 
presence  of  the  inclusion  does  not  raise  the  level  of  stress  significantly.  For  volume 
fractions  of  21.9%,  the  level  of  the  normal  interfadal  stress  Is  roughly  the  same  as  that 
predicted  for  the  low  inclusion  densities.  Figure  11  shows  the  surface  stresses  for 
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macroscopic  uniaxial  tension  and  an  inclusion  density  p  =  21.9%.  In  this  case,  the 
normal  stress  seems  to  be  slightly  higher  at  the  top  of  the  particle  at  low  strains  but  as  the 
deformation  increases,  the  peak  in  normal  stress  seems  to  move  away  from  the  pole.  At 
low  strains  the  maximum  normal  stress  is  1.6o', ,  but  at  higher  strains  it  drops  to  1.5a, 
and  seems  to  be  off  the  pole.  The  compressive  stress  at  the  side  of  the  inclusion  Inaeases 
with  Increasing  macroscopic  strain.  This  elevation  seems  to  be  due  to  the  compression  in 
the  ligament  as  the  inclusion  and  its  transverse  neighbor  move  closer  together. 

Elevation  of  the  intcrfacial  tensile  stress  is  more  apparent  for  the  high  volume 
fraction  of  38.2%  in  uniaxial  tension.  At  macroscopic  strains  of  0.5%,  the  maximum  stress 
is  already  over  3  limes  the  matrix  tensile  yield  strength.  At  2.1%  strain,  the  maximum 
stress  is  almost  4  times  the  matrix  yield  strength  and  seems  to  have  steadied  at  that  level. 
The  effect  must  arise  from  plastic  constraint  In  the  ductile  layer  between  two  particles 
which  has  a  thickness  only  1/9  of  the  particle  diameter.  Such  layers  become  comparable  to 
the  highly  constrained  channels  analyzed  by  Drucker  U). 

Figure  13  is  a  plot  of  the  normal  surface  traction  at  the  inciusiommalrix  interface 
for  macroscopic  pure  shear  and  p  “  6.5%.  The  dashed  lines  indicate  the  stress  field  when 
no  inclusions  are  present.  The  results  show  that  the  local  stresses  are  actually  reduced  by 
the  presence  of  the  inclusion.  Th«  stress  magnitudes  at  the  top  and  side  of  the  inclusion 
are  lower.  This  seems  to  reflect  the  fact  that  the  neighboring  matrix  material  is  still 
completely  elastic  there  and  the  plastic  flow  in  the  matrix  has  relaxed  the  stress  in  these 
regions.  Because  the  macroscopic  load  is  pure  shear,  there  seems  to  be  little  tendency  for 
the  stress  level  at  the  interface  to  be  increased  by  local  hydrostatic  stress. 

5.  DISCUSSION 

The  results  presented  in  the  prior  section  concern  finite  element  calculations  for 
the  plastic  flow  around  a  cubic  array  of  rigid  spheres.  Periodicity  and  symmetry  are 
imposed  in  the  calculations  to  produce  states  of  uniaxial  tension  and  pure  shear.  The 
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results  reflect  this  strict  Imposition  of  periodicity  and  symmetry  In  the  following  sense 
first  Cnundaled  by  Drucker  (1).  Consider  a  large  body  of  perfectly  plastic  material  in  which 
Is  embedded  a  cubic  periodic  army  of  rigid  spheres.  The  surfaces  of  this  large  body  are 
subject  to  traction  boundary  conditions  producing  a  stale  of  pure  shear  with  principal 
stresses  aligned  with  the  array  axes.  Let  this  stress  be  sufficient  to  yield  the  matrix  material 
in  the  absence  of  the  Inclusions.  If  a  plane  can  be  passed  entirely  through  matrix  material 
in  such  a  way  that  the  normal  to  that  plane  is  one  of  the  square  diagonals  of  the  sphere 
array,  then  the  composite  material  will  also  yield  at  that  stress.  That  is,  the  limit  load  in 
pure  shear  of  the  composite  material  in  this  orientation  will  be  the  yield  stress  in  shear  of 
the  matrix  material  and  the  rigid  spheres  have  no  effect  on  the  strength  of  the  composite 
material.  The  associated  limit  mechanism  could  be  localized  shearing  on  the  45®  plane 
passing  through  the  matrix  material.  Furthermore,  the  interface  stresses  would  be  simply 
the  normal  and  shear  stresses  projected  by  uniaxial  state  of  stress  so  there  would  be  little 
or  no  concentration  of  stresses  associated  with  the  rigid  spherical  inclusions. 

The  situation  described  above  prevails  for  volume  fractions  of  spheres  in  regular 
arrangements  below  18.5%.  Above  that  volume  fraction,  plastic  shearing  cannot  occur  on 
single  planes  In  the  matrix  and  constraint  would  develop,  elevating  the  limit  load  above 
the  yield  stress  In  shear  of  the  matrix  material.  Tims,  above  inclusion  volume  fractions  of 
185%,  there  will  be  a  strengthening  effect  arising  from  rigid  spheres  arranged  In  a  periodic 
cubic  array. 

Now  consider  the  finite  element  results  for  pure  shear.  The  boundary  conditions 
on  the  domain  analyzed  ensure  that  its  plane  surfaces  remain  plane  during  the 
deformation.  The  net  forces  on  the  planes  are  chosen  to  enforce  the  state  of  pure  shear, 
but  the  kinematic  aspect  of  the  boundary  conditions  used  precludes  any  prolonged 
localized  shearing  mode  of  deformation. 

It  is  apparent  in  Figure  5  that  for  p  equal  to  0.127  and  less,  the  composite  material 
yields  at  the  flow  stress  in  shear  of  the  matrix  material.  This  seems  to  occur  because  at  the 
instant  the  limit  mechanism  of  flow  sets  in,  localized  shearing  can  occur  on  a  plane  at  45° 
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passing  from  one  comer  of  the  unit  cell  to  the  other.  After  some  small  amount  of  strain, 
the  45“  plane  no  longer  passes  from  one  comer  of  the  unit  cell  to  the  other  due  to  the 
finite  deformations  occurring  in  the  calculations.  The  requirement  that  the  plane  surfaces 
of  the  unit  ceil  remain  plane  precludes  any  localized  shearing  on  45“  planes  since  they  no 
longer  pass  from  comer  to  comer.  This  constrains  the  plastic  flow  and  a  higher  load  is 
required  to  cause  the  limit  mechanism.  This  behavior  appears  in  the  finite  eleme.nt 
results  as  a  form  of  strain  hardening  as  can  be  seen  in  Figure  5.  Ti\Q  effect  is  really  one  of 
geometric  hardening  and  is  independent  of  inclusion  volume  fraction.  However,  the 
effect  in  the  finite  element  calculation  is  also  somewhat  artificial  as  it  is  tied  up  with  the 
peculiarities  of  the  particular  unit  cell  used,  the  finite  deformations  in  the  calculations 
and  with  perfect  plasticity.  As  long  ns  a  45“  plane  can  pass  through  the  matrix,  it  can  be 
expected  that  no  strengthening  will  cccur  in  perfect  plasticity  of  the  composite.  The  finite 
element  results  for  p  =  0.219  in  Figure  5  show  a  modest  elevation  of  the  strength  of  the 
composite  material  in  pure  shear  above  the  yield  strength  of  the  matrix.  Thereafter,  the 
material  hardens  at  a  rate  similar  to  the  lower  volume  fraction  materials,  so  this  effect 
seems  to  arise  predominantly  from  the  same  geometric  source  as  described  above. 

Similar  phenomena  as  in  pure  shear  seem  to  occur  in  the  finite  clement  results  for 
uniaxial  tension.  However,  in  this  stale  of  stress,  localized  shearing  at  45“  in  the  matrix 
requires  an  applied  stress  of  2  a,  I  Vd  /  about  15%  above  the  yield  stress  in  tension. 
Diffuse  plastic  deformation  in  the  matrix  is  thus  favored  by  a  state  of  uniaxial  stress  and  as 
a  result,  the  cubic  array  of  rigid  spheres  does  provide  some  real  strengthening  to  the 
composite  material,  since  the  inclusions  disrupt  the  diffuse  pattern  of  plastic  flow. 
However,  in  the  case  of  p  =  21.9%  and  below,  shearing  in  somewhat  narrow  bands  is  still 
possible  and  this  seems  to  make  it  relatively  easy  for  the  flow  pattern  in  the  matrix  to 
accommodate  the  presence  of  the  rigid  spheres.  As  a  result,  the  strengthening  effect  is 
well  below  the  level  of  a  volume  fraction  effect  as  can  be  seen  in  Figure  4. 

On  the  other  hand,  when  p  =  38.2%,  the  strengthening  is  around  40%  and  the 
interface  tensile  stresses  on  the  particle  rise  considerably  above  the  uniaxial  yield  strength 
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of  ihe  matrix  material.  This  reflects  high  hydrostatic  stresses  in  the  thin  layer  of  material 
separating  particles  in  the  tensile  direction.  These  hydrostatic  stresses  build  up  to  about  4 
times  the  yield  stress  in  tension  towards  the  end  of  the  calculation  when  the  nominal 
strain  is  only  2.1%.  Tire  plastic  constraint  in  the  thin  layer  causes  this  stress  build  up  and 
its  development  is  completely  analogous  to  the  effect  Druckcr  (1)  computed  in  similar 
thin  layers  between  rigid  he.xagons.  It  ts  perhaps  also  the  effect  Argon  cl  al.  (7)  were 
invoking  as  the  source  of  high  stress  capable  of  decohering  or  cracking  large  closely  spaced 
particles.  Note,  however,  that  the  gap  between  neighboring  particles  is  only  1/9  of  the 
diameter  of  the  particles  when  p  ®  38.2%  in  the  cell  model  calculatioirs.  Furthermore,  a 
regular  cubic  array  of  spheres  percolates  (touches)  at  52.36%  volume  fraction  of  those 
spheres.  A  matrix  which  completely  wets  and  bonds  to  the  particles  would  then 
experience  such  a  high  constraint  that  the  composite  material  would  be  locked  against 
substantial  plastic  flow,  in  view  of  this  the  strengthening  effect  must  rise  dramatically 
above  38.2%  until  there  is  an  infinite  strength  at  52.36%.  Of  course,  this  would  lend  to 
lead  to  interface  or  matrix  failure,  but  the  behavior  would  differ  from  a  regular  plastic 
flow  of  the  matrix  which  can  occur  at  lower  particle  volume  fractions. 

The  interfacial  stresses  of  Figure  11  confirm  that  the  geometric  hardening  in  Figure 
4  for  P  =0.219  is  due  to  the  narrowing  of  the  transverse  ligament  between  particles  as 
strain  inaeases.  It  is  apparent  that  with  increasing  deformation,  the  compressive  stress  in 
the  transverse  ligament  is  depressed  while  the  tensile  stress  in  the  ligaments  above  and 
below  the  particles  is  relaxed.  This  seems  to  be  related  to  the  increasing  difficulty  that 
squeezing  material  out  of  the  transverse  ligaments  presents  as  it  gets  narrower.  At  the 
same  lime,  the  lop  and  bottom  ligaments  thicken  and  it  becomes  easier  to  deform  that 
portion  of  the  material.  However,  the  depressed  compressive  stress  in  the  transverse 
ligament  must  be  balanced  by  tensile  stresses  to  ensure  a  net  zero  transverse  stress  in  the 
composite  material.  This  rec uires  a  general  increase  in  the  hydrostatic  stress  which  is 
apparent  in  the  relatively  sleep  rise  to  a  relatively  flat  curve  for  tensile  stress  around  the 
pole  of  particle.  As  a  result,  a  higher  axial  stress  is  required  to  cause  plastic  deformation. 


u 


This  effect  Indicates  that  at  higher  loadings  of  particles,  and  with  consequently  thin 
ligaments  between  particles,  the  yield  stress  will  be  dominated  by  the  constraint  built  up 
in  these  narrow  zones  of  matrix  material.  This  effect  is  apparent  at  38.2%  in  Figure  12 
where  high  slrcssc.  have  built  up  around  the  pole  of  the  particle.  In  this  case,  however, 
the  stresses  rise  steadily  towards  the  pole  and  there  is  no  plateau  of  stress  evident  around 
there. 

It  is  clear  that  soma  of  the  behavior  evident  in  the  finite  element  calculations  is 
dominated  by  the  perfect  plastldly  of  the  matrix  and  the  regularity  of  the  cubic  array.  One 
would  expect  that  strain  hardening  would  eliminate  the  very  localized  modes  of 
deformation  and  so  allow  the  unit  cell  calculations  to  be  more  representative  of 
macr^'scopic  flow  in  the  pure  shear  case.  However,  the  kinematic  constraint  in  the  pure 
shear  case  may  still  produce  spurious  effects  even  with  strain  hardening  since  there  may 
still  be  a  tendency  for  somewhat  localized  shearing  to  occur.  On  the  other  hand,  in  the 
uniaxial  tension  case,  there  would  seem  to  be  no  reason  for  radical  changes  of  flow 
behavior  just  because  of  strain  hardening.  The  diffuse  deformation  in  uniaxial  tension 
suggests  that  regularity  is  not  of  such  great  significance  to  those  results  at  modest  volume 
fractions  of  particles  as  has  been  suggested  also  when  strain  hardening  is  present  by 
Christman  eiv\l.  (4) 

A  comparison  of  the  theoretical  results  can  be  made  with  experiment  in  the  case  of 
silica  particle-filled  epoxy  resin  composites  tested  in  compression  (17).  The  ultimate 
strength  for  the  composite  normalized  by  that  of  the  matrix  alone  is  plotted  in  Figure  {14) 
against  the  volume  fraction  of  silica  particles  in  the  composite  material.  The  values  for 
ultimate  strength  were  estimated  from  Figure  of  ref.  (171.  The  numerical  results  for  the 
limit  load  are  shown  in  the  same  figure.  It  can  be  seen  that  there  is  a  substantial 
discrepancy  at  the  lower  volume  fractions.  However,  at  higher  volume  fractions  of 
particles  there  is  an  indication  of  reasonable  agreement.  The  disaepancy  is  probably  due 
to  the  fact  that  the  silica  particles  are  not  spherical,  they  are  not  of  uniform  size  and  not 
regularly  arranged.  We  feel  that  these  features  would  be  more  important  at  lower 
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volume  fractions  of  particles  than  at  high.  The  fact  that  the  data  rise  rapidly  at  around 
50%  volume  fraction  scenw  to  confirm  our  previous  comments  about  the  effect  on 
Strength  of  a  very  high  density  o?  particles.  Also  shown  in  Figure  [14J  is  the  volume 
fraction  at  which  sphares  in  a  cubic  array  touch,  indicating  a  very  high  limit  stress  in  that 
CTse. 

On  the  other  hand,  the  finite  clement  results  presented  here  are  incapable  of 
e.xplaining  any  of  the  data  for  the  plastic  flow  behavior  of  certain  particulate  reinforced 
metal  composites  such  as  aluminum  reinforced  with  SIC  as  reported  in  refs.  (IS,  19).  In 
those  materials,  the  increase  in  unia.\ial  strength  expressed  as  a  fraction  of  the  flow  stress 
of  the  matrix  material  alone  exceeds  the  volume  fraction  of  particulates  at  modest 
volume  fractions  as  In  the  epoxy  compsites.  Indeed,  Christman  ct  ah  (4)  also  found  that 
calculations  for  cylindrical  unit  cells  containing  spherical  inclusions  undcrpredict  the 
flow  stress  of  the  c^smposite  even  though  they  included  strain  hardening  and  show  a 
stronger  strengthening  effect  than  we  find  in  our  computations.  Christman  et  al.  (4)  were 
able  to  get  agreement  between  model  and  experiments  by  using  squat  cylindrical 
inclusions  in  the  calculations  rather  than  spheres  to  represent  the  influence  of  sharp 
cornered  particulate  reinforcements. 

6.  COMPARISON  With  LINEAR  HARDENING  MODEL 

It  has  become  popular  to  ina\yzp.  th'  strengthening  effect  of  elastic  reinforcements 
in  metal  matrix  composites  by  use  of  a  linear  hardening  model  (20-28).  This  model  is 
based  on  an  assumption  that  the  plastic  strain  is  uniform  in  the  matrix  and  that  this 
situation  cannot  be  relaxed  by  any  rearrangement  of  dislocations.  As  a  result,  the 
incompatibility  between  the  strain  in  the  matrix  and  the  strain  in  the  particles  must  be 
accommodated  by  elastic  distortions  of  both  matrix  and  particle.  This  leads  to  clastic 
stresses  superimposed  on  the  stresses  already  present  in  the  matrix.  By  assumption,  this 
stress  cannot  be  relaxed  by  dislocation  motion  and  so  its  associated  elastic  strain  energy 
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remtiins  locked  In  Ihc  matrix.  This  work  conlributlon  must  Ik*  provided  by  the  applied 
loads  and  so  those  loads  rise  linearly  with  the  uniform  plastic  strain  In  the  matrix  since 
the  strain  Incompatibility  between  matrix  and  particles  is  proportional  to  the  plastic  strain. 
Thus,  no  limit  load  can  develop  even  if  there  Is  no  Inherent  matrix  hardening 
meclwnism  controlling  the  slip  of  dlslOs.'atlons.  The  flow  stress  Is  then  predicted  to  be 

(2) 

where  p  is  the  matrix  elastic  shear  modulus  and  C  is  a  dimensionless  order  unity 
function  of  particle  aspect  ratio  and  the  ratio  of  particle  elastic  modulus  to  matrix  elastic 
modulus.  This  predicts  very  large  increases  of  strength  with  plastic  strain.  As  noted 
above,  this  model  is  sometimes  used  to  explain  the  flow  stress  and  hardening  behavior  of 
metal  matrix  composites  ;20, 22, 23-28). 

The  model  outlined  above  is  only  viable  if  the  matrix  plastic  strain  is  in  fact 
uniform  in  practice.  This  situation  can  be  cnvbaged  in  a  narrow  set  of  circumstances  in 
which  the  size  sales  arc  relatively  small  and  the  ability  of  dlsloations  to  slip  in  arbitrary 
orientations  is  limited.  The  smallness  of  the  size  sale  would  ensure  that  there  could  only 
be  a  few  dlsloations  present  In  the  matrix  near  the  particles  so  that  there  v/ould  be  a 
limited  potential  for  any  relaxation  deformations  to  occur.  The  limitations  on  the  ability 
of  the  dislocations  to  slip  in  arbitrary  orientations  would  make  it  possible  for  elastic 
stresses  to  build  up  in  certain  orientations  not  favoring  dislocation  motion.  Although  the 
size  sale  and  ciystallography  in  which  this  situation  occurs  is  not  precisely  known,  in 
general,  it  is  probable  that  the  particles  have  to  be  submicron  for  the  effect  to  prevail.  In 
the  ase  of  larger  particles  embedded  in  a  polycrystralline  matrix,  the  mobility  and 
availability  of  disloations  and  the  fact  that  the  spacing  between  slip  systems  is  very  small 
compared  to  particle  size  mean  that  dislocations  can  readily  rearrange  to  relax  elastic 
stresses  which  exceed  the  stress  capable  of  moving  disloations.  This  will  keep  the  stresses 
locally  down  to  levels  which  are  determined  by  the  inherent  hardening  of  the  matrix 
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Independent  of  the  large  elastic  particles.  The  plastic  .strain  will  also  be  markedly  non- 
unifonn  as  a  result  of  the  dislocation  motion.  In  view  of  this,  it  must  be  inappropriate  to 
model  the  strength  of  particulate  reinforced  metal  matrix  composite  materials  by  the 
linear  hardening  model  when  the  particulates  have  a  diameter  larger  than  a  micron. 

instead,  the  appropriate  model  is  related  to  the  calculations  presented  by  Duva  (2), 
Christman  et  al.  M)  and  by  us  in  this  paper,  i.e.  where  inhomogeneous  diffuse  plastic  flow 
occurs  around  reinforcements  embedded  In  the  matrix.  The  rather  weak  effect  on 
strength  computed  at  low  volume  fractions  in  those  results  suggests  that  flow  inhibition 
by  parlicuKatcs  is  not  a  promising  strengthening  strategy.  On  the  other  hand, 
experimental  data  indicate  that  large  increases  in  strength  arc  apparently  caused  by 
particulate  reinforcement  (4,  1?#  IS)  snd  these  increases  cannot  be  explained  by  flow 
inhibition  models  alone.  However,  the  actual  matrix  properties  must  be  used  In  any 
comparison  of  strengths  rather  than  the  nominal  properties  of  the  matrix  material  when 
not  In  reinforced  form.  These  properties  can  be  very  different  (29),  with  a  considerably 
higher  strength  occurring  in  the  composite  material  matrix  bcause  of  accelerated  aging. 
In  addition,  thermal  expansion  mismatches  and  actual  reinforcement  geometry  must  be 
taken  into  account.  Fijrthefinorc,  careful  and  critical  comparisons  between  hypothesis 
and  experiment  must  be  carried  out  such  as  described  in  ref.  (30). 

8.  CONCLUSIONS 

Calculations  show  that  modest  volume  fractions  of  rigid  spheres  arranged  in  a  cubic 
array  have  little  effect  on  the  strength  of  a  perfectly  plastic  matrix.  The  increase  in 
strength  in  uniaxial  tension  as  a  fraction  of  the  yield  strength  of  the  matrix  is  predicted  to 
be  about  half  the  volume  fraction  of  inclusions  present  at  volume  fractions  below  25%. 
At  around  40%  loading,  however,  the  fractional  strengthening  equals  the  volume  fraction 
of  particles. 
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In  the  low  volume  fraction  cases  below  25%,  the  Interface  stresses  between  the 
matrix  ajui  the  indaslon  are  modestly  elevated  compared  to  the  matrix  yield  strength.  At 
‘10%  volume  fraction,  however,  the  peak  interface  stress  rises  to  4  times  the  tensile  yield 
strength  when  the  maaoscopic  strain  is  2.1%.  These  stress  elevations  are  caused  by  plastic 
constraint. 

Unit  cell  calculations  for  pure  shear  in  perfect  plasticity  could  be  misleading  as 
predictions  of  maaoscopic  behavior  because  of  the  symmetry  and  periodicity  conditions 
imposed.  Below  20%  volume  fractions,  the  alculations  arc  interpreted  to  confirm  that  in 
perfect  plasticity  there  is  no  strengthening.  .Above  20%  volume  fraction,  the  45*  shear 
bands  are  inhibited  by  the  particles  and  a  very  small  amount  of  strengthening  occurs. 
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Figure  9: 

Figure  10: 


Tlie  Iwo  maaoscopic  stress  states  examined  and  the  coordinate  system  used 
in  this  paper. 

A  unit  cell  containing  a  single  rigid  inclusion  embedded  in  a  cube  of 
plastically  deforming  matrix  material.  The  shaded  lines  indicate  the  five 
symmetry  planes  for  a  loading  of  uniaxial  tension. 

The  finite  element  mesh  used  to  model  one  sixteenth  of  the  cubic  celt. 

The  maCTOSCopic  true  stress  true  strain  behavior  of  the  cubic  cell  under 
uniaxial  tension  for  different  inclusion  densities. 

The  macroscopic  true  stress-true  strain  behavior  of  the  cubic  cell  under 
pure  shear  for  different  inclusion  densities. 

Contour  plot  of  the  effective  plastic  strain  S'  in  the  cubic  cell.  Development 
of  the  plastic  zone  around  the  inclusion  under  uniaxial  tension  for  p  6.5% 
is  shown  with  dark  lines.  The  view  is  the  aoss-scction  of  the  cubic  cell 
shaded  in  the  figure  inset. 

A  contour  plot  of  the  effective  plastic  strain  e'  in  a  cross-section  of  the 
cubic  cell  under  uniaxial  tension.  The  level  of  macroscopic  plastic 
strain  E,  is  10.0%  and  the  inclusion  density  p  is  6.5%. 

A  contour  plot  of  the  effective  plastic  strain  e'  in  a  cross-section  of  the 
cubic  cell  under  uniaxial  tension.  The  level  of  macroscopic  plastic  strain  Ej 
is  11.1%  and  the  inclusion  density  p  is  21.9%. 

A  contour  plot  of  the  effective  plastic  strain  e'  in  a  cross-section  of  the 
cubic  cell  under  pure  shear.  The  level  of  macroscopic  plastic  strain  Ej 
is  9.0%  and  the  inclusion  density  p  is  6.5%. 

A  plot  of  the  normal  interfaciai  stress  at  the  surface  of  the  inclusion 
versus  angle  ^  for  uniaxial  tension  at  various  levels  of  macroscopic 
strain.  The  inclusion  density  p  is  6.5%. 
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Figure  11;  A  plot  of  the  normal  Inlerfadal  stress  at  the  surface  of  the  Inclusion 
versus  angle  ^  for  uniaxial  tension  at  various  levels  of  macroscopic 
strain.  The  inclusion  density  p  is  21.9%. 

Figure  12:  Same  as  Fig.  11  but  p  =38.2%. 

Figure  13:  A  plot  of  the  normal  interfacial  stress  at  the  surface  of  the  inclusion 
versus  angle  for  pure  shear  at  various  levels  of  macroscopic  strain. 

The  inclusion  density  p  is  6.5%. 

Figure  14:  Comparison  of  ultimate  compressive  strength  for  silica  particle-filled  epoxy 
resin  composites  with  the  theoretical  predictions. 
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ABSTRACT 

The  fracture  of  a  Rbroui  and  a  partlculau  meul-matrix  compoilti  havt  been  itudled  ae  a 
functlo.i  of  eonRoing  preiturc.  The  fracture  wai  found  to  occur  by  the  accumulation  of 
damage  caused  mainly  by  the  fracture  of  the  reinforcing  phase.  The  mechanisms  by  which 
the  damsge  nucleates  and  grows,  and  links  to  form  a  nnal  failure  surface,  changes  as  the 
pressure  Is  Increased.  These  mechanisms  are  described  and  their  eonsettuence  for  alloy 
development  Is  dlKussed. 

I.  INTRODUCTION 

It  is  well  established  that  the  application  of  hydi  astatic  pressure  during  deformation  can 
inRuence  both  the  damage  accumulation  rate  and  the  Rnal  fracture  mode.  Investigations 
have  been  reported  on  the  behaviour  of  various  metallic  materials  (tee,  for  example,  Telrlinck 
et  al.,  1988)  and  on  polymer>matrIx  Rbre  composites  (Parry  and  Wrontki  1985,1986),  but  none 
to  our  knowledge  on  metal-matrix  composttes. 

Composites  represent  an  interesting  clast  of  materials  from  the  viewpoint  of  their  pressure- 
dependent  Row  becuuse.  In  addition  to  the  problems  of  damage  accumulation  due  to  dilatant 
behaviour,  they  may  contain  residual  stressea  and  Interfaces  whose  behaviour  may  be 
dependent  on  the  hydrostatic  pressure. 

In  the  current  study,  the  InRuence  of  hydrostatic  pressure  on  the  fracture  behaviour  of  two 
metul-matrix  composites  has  been  examined;  (Da  directionally  solIdlRed  Al  6%  tS'l  eutectic 
alloy  containing  aligned  AI3NI  Rbres  in  an  Al  matrix,  and  (II)  an  Al  alloy  containing  SiC 
particles.  Our  observations  are  dlKusscd  In  a  general  context  of  the  competitive  damage  and 
fracture  processes  wh’ch  may  occur  In  both  Rbre-reInfereed  and  particle-reinforced 
composites. 


2.  DAMAGE  AND  KRACrrURE  PROCESSES  IN  COMPOSITE  MATERIALS 

Failure  of  composite  materials  generally  occurs  not  by  sudden,  catastrophic  propagation  of  a 
single  crack,  but  by  a  more  gradual  process  of  damage  accumulation.  The  damage  may 
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origtnaic  in  tht  matrix  or  In  the  rclnrorelnc  phaw.  Varloux  porslblc  dama|«  mcchaniamt  «rc 
dticribed  b<lo«ri  th«y  ar«  battd  on  direct  obtervaUona  dcKribtd  In  the  next  acciion. 

The  tequcnce  of  poiiiblo  damage  proccatea  in  eompoilta  materlaU  containing  long  brittle 
nbrta  In  a  ductile  metallic  matrix  la  ahown  achcmatlcally  In  Fig.  I .  Plaatle  airain  cauaea  load 
tranafer  to  the  Rbrea,  and  damage  developa  In  the  form  of  fibre  fracture,  thia  appeara  to  occur 
throughout  the  compoaite  tSiage  I)  The  damage  apreada  in  a  number  of  ways  depending  on 
the  current  atreaa  auie  and  on  the  relative  mechanical  propertiea  of  the  matrix  and  the  flbrea. 


Fig.l. 

Sequence  of  da  mage  event!  leading  to 
fracture  in  fibre  compoaltca. 


If,  for  example,  the  matrix  yield  atreaa  la  auRIciently  large  and  the  (Ibrca  are  cloaely  ipaced, 
then  the  elaatic  atreaa  concentration  In  the  plane  of  the  crack  may  reault  in  fracture  of  the 
neighbouring  flbrea  (Fig,  1(a),  Stage  11).  The  damage  then  apreada  in  a  planar  faih'on, 
progreaalvely  Increaalng  the  load  carried  by  the  matrix  until  ultimately  the  llgamenta 
between  the  cracka  fail  (Stage  III).  Thia  proceaa  It  favoured  by  large  hydroitatlc  tenailc 
atreaaea. 

If  on  the  other  hand  the  matrix  yield  atreaa  ia  very  much  lower  than  the  fibre  fracture  atreaa 
and  the  work  hardening  rate  of  the  matrix  It  low,  then  the  additional  atreaa  in  the  matrix, 
reaultlng  from  fibre  fracture  and  the  correaponding  load  re>dittrlbutIon,  may  cauac  atrain 
locallutlon  ahead  of  the  crack  tip  (Fig.  Kb)  Stage  II),  The  atreaa  concentatlon  at  the  tip  of  the 
locallution  aide  in  the  fracture  of  neighbouring  fibrea,  caualng  the  damage  to  apread  along  a 
plane  inclined  at  approximately  45*  to  the  tenaile  direction. 

When  the  hydroitatlc  preiaure  exceeda  a  level  approximately  equal  to  the  ultimate  tenaile 
atrength  of  the  compoaite,  an  alternate  proceaa  may  occur  (Fig,  lie)),  Here  again  damage 
Inititally  Invcivea  fibre  fracture  and  the  damage  may  apread  by  a  cooperative  mechanlam 
(Stage  11).  But  now  the  net  axial  atreaa  ia  alwaya  compreaaive  and  the  tenaile  fracture  of  the 
matrix,  ahown  In  Figs.  1(a)  and  (b),  la  inhibited.  Inatead,  the  aoftenlng  effect  of  the  dilatant 
damage  reiulta  in  a  macroscopic  strain  localiaatlon  (Fig.  1(c),  Stage  III)  similar  to  that 
frequently  seen  In  single  phase  ductile  niaterials  (Teirlinck  et  al.,  I9S8).  This  strain 
localization  may  be  accompanied  by  large  rotations  of  the  fibres  which  can  also  contribute  to 
softening  within  the  deformation  band,  as  described  later. 
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Th«  «f  fMMtbU  pr«<«M4*  In  pnrtkl*  rtlnfortwi  m«ul>  imtrix  MinpMittt  if 

flMWft  Khfmfitotly  In  Plg.i-  Th«  fliun  tl^«n  «  mkrtfuuctvrt  Mnuinlny  b«<h  (mtm 
rtlnffftinc  pfftkiH  »nd  (m«ll«r  prKi^uiw  nr  InclufWnt  U  inkmiruciurt  rtfrmnutiM 
of  Umi  At-SiC  tompfilu  ftamlnod  In  ih«  prtfoni  »u4y).  Htrt  th<  tUmogt  ikomw**  my 
Inlitau  tithor  ti  th*  rflnforting  portkUt  or  wiiMn  ih«  mntrU  Por  «!i4mpl«,  (h<  Urgo 
p4rllcttf  m«y  frarturt  (Pig>  2(fll  or  tiobond  from  lh«  moirix  (Pig  3lb)l  Upon  fut(h«r 
fuatning  ih«t«  domago  tvtnu  my  tprtod  In  a  monnor  ftmlUr  lo  lh«i  d«Krtb<d  for  (ibrt 
compofKOf .  until  ulUmoUly  tk«  matrix  falli  by  olthtr  a  dvKtilo  or  ahoar  mod*  Howtvor.  th< 
conatrainu  txrriod  by  i)m  nonnkforming  partiriot  coot  gtnorato  largo  trlaxial  unatona  tn  th< 
mairix,  caualng  damago  tn  lh«  matrix  In  tho  form  of  voM  growth  or  ahoar  tracha  (Pig  3tc)  and 
(dl),  originating  at  th*  amallor  partkloo  and  tnxiuaiono  and  which  aproada  by  a  proctaa  which 
Involvoa  particio  fracturo  or  docohooion. 

Tho  varioua  damago  and  fracturo  procoaaoa  doKrIbod  horo  aro  uaod  aa  a  framework  to 
•  doocribo  tho  fracturo  behaviour  of  tho  compooitoo  oxamlnod  tn  thio  atttdy. 


Fig.  1  Soquonco  of  damago  ovonla  loading  to  frKturo  in  particulate  compoaltoa. 


X  MATKRIAUI  AND  EXPERIMENTAL  PROCEDURES 

Tho  AI>6%NI  alloy  waa  produced  by  Alcan  International  and  waa  aubfo<)Utntly  directionally 
aolldlfiod  in  a  Bridgoman-typo  furnace  at  a  rate  of  3  cn^r.  The  reaultlng  mlcroitructure 
conalited  of  10%  aligned  AIjNi  fibrea  in  an  Al  matrix.  .Moat  (Ibrea  wort  approximately  I  pm 
In  tSIameter  and  spaced  -3  pm  apart,  ftoglona  containing  coarse  flbrea,  -lO  pm  in  diamtter, 
were  alto  present. 

The  Al-SiC  compoalte  waa  a  commercial  Dural  containing  -20%  particulate  SIC  in  a  2014  Al 
alley  matrix.  The  average  particle  site  waa  13  pm  and  average  aspect  ratio  maasured  In  the 
plane  containing  the  tensile  axis  wu  1.23.  However,  a  signineant  fraction  of  the  particles 
(-5%)  were  larger  than  40  pm  or  had  an  aspect  ratio  greater  than  3.  The  material  was  provided 
by  General  .Motors  and  was  tested  in  the  extruded  condition. 
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T«n*ll«  U«U  wtr*  <«ndu«t«<i  on  cyllndrlMt  uilng  'tiiptrimp^ittl  hydrotUltc 

prc<(ur«t  up  i«  fOOMt*4  Th<  4i«r4rfti4tt4n  iin4  fruciurc  txhuvwuri  uitre  ttudiH  utlnic 
tUmtird  frMiographic  anJ  mtulloirai- Mctfthntt^Mi  on  both  MmpUi  Uitt4  to  failure  and 
iampltn  from  int(trup(t*i  ittu. 


4.  KKSULTS  AND  DISCUSSION 

4.1  Al'NI  alloy.  Th«  Innuont*  of  h>droitaii<  prtuurt  on  th<  ductility  of  the  Al'.>'l  alloy 
li  ihown  in  Fi(.  3  The  fracture  itmln  Incrtoted  rapidly  with  prtaiure  up  to  ~3S0  .M  Pa.beyond 
which  point  It  waa  intenaltive  to  preaturc  Thta  eriiical  prcriure  la  approilmately  cijual  to 
the  ultliiMte  tenallc  atrenicth  of  the  compoaite 


Klf.3, 


The  Influence  of  h)‘droitatie  prcaaure, 
p,  on  the  fracture  atrain,  t(,  of  the  Al- 
.S’i  compoaite. 


Then  reaulta  auneai  that  at  low  preaaurea  fracture  la  controlled  by  a  aironyly  preaaure- 
MnalilV'ir  inechanlam  (that  la,  a  dllatant  mechaniam  involvinf  mlcrocrackinf  or  void  irowih) 
whereaa  at  high  preaaure  it  it  controlled  by  a  leae  dilational  mechaniam.  The  fraciographic 
and  metallographlc  obiervatlona  confirmed  that  a  change  In  fracture  mechanltma  occurred  at 
a  pretture  of  around  3S0  .MPa.  Typical  fracture  aurfacet  of  aamplea  teated  above  and  below 
tUa  preeeure  are  thown  In  Fig.  4. 


Fig. 4. 
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Fracture  turfacea  of  the  Ai'Ni  compoaite  teated  under  hydroatatic  preaaure  of  (a) 
175  MPa  and  (bl  525  MPa  (30*  tilt). 


Th«  lAntMcKc  ef  prtMurt  tn  frKtunt  of  («  wp«*i(M. 


Th«  frKture  sutrActi  «f  at  l«»  pnMvrts  «<cre  iiKlintd  at  -4$'  to  lh«  ttnitla 

ilirKUtn  and  athitjittd  a  dlmp'^S  app«aran<«  A  fractu;td  AtjNi  fibra  waa  iMatad  at  iha 
centre  «f each  dimpW  Tb«  fracture  preceaa  tn  ihta  pceature  tcKime  inraUed  the  CHperattee 
apread  a( Ahre  fracture  iimiUr  to  that  aho«n  ichemattcally  tn  Fit;  Ubt 

The  fracture  aurfacea  ef  aampSea  teited  at  the  hl£her  attmrti  were  airo  tncUned  at  -tS*  to  the 
tenrtle  direction,  hut  eahthiicd  Urge  ahalla*  dlmpfci.  uith  only  ury  fe<e  fractured  Ahrea 
intcra ecttng  the  fracture  aurface  The  fracture  preceta  tn  ihti  preaaure  regime  waa  elucidated 
by  eeamtntnf  eeternal  lurfacet  and  longitudinal  icettona  of  both  fractured  and  interrupted 
aamplei.  The  tttnu  leading  to  fracture  are  ihown  In  Fife- S  and  (,  and  can  be  dcKribed  in 
thtfollooingway. 


•  be 


Fif.S.  Longitudinal  lection  through  fractured  ALNi  sample  tested  at  690  MPa 
pressure.  Note  the  fractured  Abres  and  the  subseitucnt  Inward  Aowof  the  matrix 
(see  arrows). 


Fig.  6.  Ung itudinal  sections  through  AI-NI  tensllo  samples  tested  at  690  MPa  pressure 

(u)  Interrupted  ul  c  a  o  08,  (bl  Interrupted  at  c  s  0.2,  und  (cl  FrueturH  Note 
the  development  of  the  strain  loealiiatlon  and  the  corresponding  Abrc  rotation, 
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Aitmall  pU)tic>tntmt(cs;0  63)  (h«  ribrcitxtanufncturt  Thu  large  (irtiMs developed  in 
the  mairia  ahead  of  the  crack  tip  caurcd  Abrc'mairie  debonding  over  lengihi  of  -0  I  pm  tKtg 
$t  Thin  lerue'ihaped  volde  vr<re  alto  formed  in  the  matrie  ahead  of  the  cracka  llaw«vcr. 
upon  further  firaining,  the  fractured  ilbre  end*  separated  and  the  matrle  Rowed  Intvard 
between  the  fibre  endt  the  h)rdroitatie  preiure  luppreitee,  and  ultimately  revertei  the 
diUttonal  damage  which  teada  to  fracture  at  lower  prtMurea  Although  the  cracka  formed  in 
the  bulk  of  the  material  were  unable  to  link  or  to  propagate,  cracka  located  near  the  external 
lurface  were  able  to  link  up  wuh  the  aurface  via  narrow  ahear  cracka  tPig,  filall  At  the  tipa  of 
Mmeofthei<ahtareracka.thtitralntKcamciocalitedinUcoAraedcformationbandt(~200pm 
wide)  which  propagated  lubly  Into  the  bulk  of  the  material  iPIg  Stbl)  Within  the 
deformation  bandt,  the  airain  wai  luRIcIenlly  large  that  the  Rbrea  were  rotated  away  from 
the  tenaile  direction  cauiing  geowetrie  toAenIngof  the  band  until  a  critical  polnit-so'-dO*)  at 
which  fracture  occurred  along  a  path  through  the  Al  matrix  (Pig.  did).  At  a  retuli  very  few 
fibret  were  teen  on  the  fracture  lurfaee. 

The  thear  fracture  behaviour  of  the  AI‘.S'i  compoelte  and  the  csrrctponding  taturetion  in 
fracture  ttrein  at  large  hydroiutle  preituret  may  provide  uteful  Information  regarding  the 
limitj  of  plastic  ttram  which  can  in  general  be  applied  to  fibre  compositet  prior  to  initability 
and  fracture.  Por  thit  reaton.  It  It  of  Intereei  to  examine  the  nature  of  the  shear  Intiabiltiy  in 
the  Al-Ni  eompoiite  in  more  detail. 

During  tensile  deformation  of  meullle  malerialt  there  are  generally  two  proectset  which 
promote  thear  localisation.  They  are  li)  a  deereate  In  work  hardening  rale  and  til)  an  Increase 
in  dilaiional  damage  with  plastic  strain  (Yamamato  1978).  )n  fibre  reinforced  compositet,  an 
addltlana)  softening  meehtnitm,  cauied^by  fibre  rotation  mutt  be  eontidtred  Fig,  7  ihowt  a 
plot  of  tha  tenitle  ttrett  required  to  deform  an  element  of  the  AlsS'i  eompoiite  in  tlmple  thear 
on  a  piano  at  44*  to  the  tensile  direction,  against  the  local  fibre  routlon.  For  ilmpliciiy,  the 
fibret  arc  attumed  to  bo  infinitely  long  and  rigid>platl!e.  the  matrix  it  attumtd  to  be  in  plane 
twain  and  the  eompoiite  Row  street  it  written  In  lermt  of  the  iimple  rule  of  mixturti  The 
plot  tufgeiu  thit  beyond  a  critical  rotation  (-M*)  the  net  hardening  rate  for  tlmple  ihetr 
deformatlan  (neglecting  any  dilatlenal  damage)  It  loit  than  sero.  There^re,  thear 
localiuilon  In  fibre  compoiltei  may  noionly  be  InDutnctd  by  the  work  hardening  rate  of  the 
maWix  and  the  dilational  damage,  but  alto  by  any  relatively  tmall  fibre  routiont  or 
mitorlentatlont. 


Fig. 7.  Tcntlle  ttreii  required  for  tlmple 
thear  deformation  of  AImNI 
eompoiite. 
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4,3  Al'SiO  cemiMtIu.  Th4  (ITki  of  h>‘(irMUl!c  prtuurt  o^  th*  liuoutiiy  of  tho  Al>SiC 
compoitlt  U  ihown  In  Ftg.  •  Tht  fmiur*  iirtin  w»i  suongly  prtuurt-^ponitni  ev^r  th« 
onilrt  prtiiurt  rongo, 


Fig.  I.  Th<  influonto  of hydrooUUc  prouurt, 
p,  on  IKt  frotturo  Wrain,  Kf,  of  tht  At- 
SiC  compotiio. 


Tho  origin!  of  frKturo  In  Al-SiC  portkuloU  eompoolU!  hovt  proviouity  boon  luggoito^  lo  bo 
tlibor  tho  frocturo  or  dooohoilon  of  tho  SiC  portkloi  (Uwontiowtkl  oi  al  IM7)  or  folluro 
within  tho  Al  illoy  matrix  (You  ot  ol.  l9Mt,  ii  thown  Khomotlcatly  In  Fig  3.  To  dlitingulih 
botwoon  fraoturo  atKl  <io<ohoiion  of  tho  SIC  partkioa  in  tho  pro*ont  itudy,  matthing  frKturo 
lurfacot  woro  oarofuliy  oxomlnod,  Fig,  9  ahowt  an  oxampio  of  mauhmg  frKturo  aurfacoi, 
whoro  tho  eorrotponding  lottort  on  tho  mlorographt  ihew  maiohlng  halvot  of  frKturo«l  SIC 
particloit  partI<lo-matrixdocohofioAWBtrarolyobforvo4,  Longitudinal  Motiona  through  tho 
fratturod  Mmpio*  alao  rovoalod  a  numbor  of  frtcturod  ptrtlolot  bolow  the  frKturo  aurfKO 
(Fig,  10).  Particio  frKturo  waa  e(Un  aaoKlatod  with  tho  moro  olongatod  partielot  whkh  woro 
allgnod  with  tho  tonillo  dirKtion.  Thorc  wat  alM  ovidonco  botow  tho  fracture  lurfacc  of 
cavitation  at  lomo  of  the  imall  intormoullle  particloa, 

Tho  only  obiorvcd  change  in  frKturo  behaviour  with  proaauro  waa  In  tho  nMchanlim  by 
which  the  matrix  failed.  At  tow  proMurot  tho  mKhaniam  waa  one  of  microvoid  coaloKonco, 
aa  ovidoncod  by  tho  dimpled  fracture  aurfaco.  At  tho  higher  prcaauroa  tho  matrix  felled  by  a 
ahoar  mode.  At  all  proaauroa,  however,  i;  wai  difllcult  to  oKortain  tho  order  of  ovonta  loading 
lo  (hMturo,  1.0.,  whotW  or  not  aaalrix  (biluto  proaodod  particle  fracture. 


Pig,  9.  Matching  frKturo  auriacci  of  Al-SiC  aamplo  Uatod  at  490  MPa  proiauro. 


ttk,  CmViry,  tni  KkhmtiMi 


In  «r^r !«  d««rm(»c  «>h«th<r  fracturt  wat  iniitaudi  by  fracture  ef  the  SiC 

partkUi.  the  itnitle  (trtrt  tn  the  SiC  yarticki  at  the  ^tnt  «f  cem^itie  fraeturc  wai 
(titmaitj  uiin((  Cihelby’i  rquivaltnl  i/Kiutlen  methed  tKiheiby.  I9i*l  The  partieici  «ere 
aiiumed  l«  be  tteUied  elli^idi  with  an  atpeei  ratio  of  3  Ithat  of  the  more  elofteated 
pantcleri  in  a  mairii  «hich  «at  aubjeeted  to  a  far  Tieid  teniion  ^lua  a  hydrotiatic  (ireMure 
Tho  eakulationi  only  account  for  the  elatiic  component  of  itratn,  the  internal  etreaaea  '>hich 
ariae  from  the  plaiilc  ttrain  incompatibility  at  the  undeformable  particle*  are  nc<l*ctcd.  The 
rtaulu  were  then  uted  to  predict  the  compooit*  fracture  tire**  auuminy  that  compoiiie 
frKture  occurred  when  the  tentiie  tire**  in  the  more  olonftted  particle*  reached  a  critical 
value  required  for  brittle  fracture,  i.t,  the  lariett.  moot  elonfated  particle*. were  attumed  to 
be  the  weakett  link.  Fifure  1 1  thews  the  predicted  .-urve  alonf  with  the  eiperimenial  data, 
The  predicted  curve  was  normallMd  by  the  compotite  frKture  ttret*  at  atmospheric  pretiure 
tuck  that  the  pretturfdcpendenciet  of  }h*  predicted  and  meatured  fracture  tirctM*  could  be 
compered.  The  predicted  curve  show*  that  the  far  Held  tention  required  for  particle  frKture 
does  net  incresM  with  pretture  at  rapidly  a*  would  be  predicted  by  a  critical  marrotcooic 
untion  (*h«wn  by  the  line  of  tlepc  U<  However  the  predicted  curve  Mill  eahibiu  a  prHture- 
dependoK*  which  i«  ireater  than  that  of  tlie  meMurH  value*. 


Fly.  11.  A  plot  of  the  eaperimcntally 
measured  and  predicted  fracture 
itretie*  of  the  AbSiC  compotite 
againtt  the  hydreoiatic  pretiure. 


The  diKrepancy  between  the  predicted  and  meatured  values  may  be  due  in  part  to  the 
internal  tirestet  which  art  developed  during  plastic  deformation.  The  internul  strettet  in  the 
undeformable  SiC  partlclet  are  tentiie  and  therefore  further  promote  particle  fracture  The 
average  value  of  internal  itrett  may  be  measured  at  small  plastic  strain*  by  eonducting 
BtuKhingtr  tests:  however,  the  results  of  such  teslt  may  not  be  representative  of  the  local 
Internal  stresses  at  elongated  SiC  particles  or  within  particle  clusters  where  the  damage 
process  Is  most  likely  to  initiate,  particularly  at  the  level  of  strnin  at  which  failure  occurs  In 
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«Ulii«A.  tH<  uA4«tlytn<  in  tht  IntltMtfA  (•kubiitM,  MMly  that 

the  \-«U>nM(  (rMiiM  *(  ^rticlM  K  amail  an4  that  tha  H^klM  art  tUtpMUal,  may  rttult  in 
ii|nl(kan\  tf  rari  In  tht  takulatml  abtMtt, 

In  lifhi  «f  tht  ctmykaititt  Inrtl«t4  In  tvaluattnf  tht  »tm«  rflMributian  in  tht  ctm^mitt 
mattrial.  it  It  citarly  4iRituli  tn  tttahlith  a  timpit  frattunt  cirittria  which  invtlrtt  a  tritkal 
avtragt  tirtti  «r  lirtin  Ntvcrthtitti.  tur  ohttrvatiant  and  api^rtalmait  calcuUiitnt 
tutftii  that  ctmiMUt  fracturt  it  inittattd  hy  a  artettt  which  inveivtt  hrittit  frKturc  tf 
tItnaatfdSiC  ^rtuUt. 

In  erdtr  W  htittr  tindtrtund  tht  rtlt  tf  matria  fallurt  in  ctmitatlu  rrteturt,  wt  art  ctrrtnlly 
iiwiyitvt  tht  tfftet  «f  prtMort  an  tht  fracturt  hthtitur  tf  tht  Ai  alky  matria  itatif.  Htwtvtr. 
In  4  ttncurrtnl  ttudy  af  a  SiC  whlahtr-rtlnliMttd  Al  alky,  Vaaudtvtn  ti  al.  tlMI)  ktnd  a 
atrtnf  prtwtrt  dtftndtntt  In  tht  frttiurt  auain  ef  tht  nmytaltt  mattrial  and  almatt  nt 
Kttaurt  dtytndtntt  In  tht  fratturt  drain  tf  tht  At  alky  matria  Itatif  Thia  tttolt  yrttidtt 
(urthtr  tvidrrKt  tf  ct(n|iMltt  fracturt  that  It  inltiattd  hy  damaRt  In  tht  rtlnftrcin«  purtkltt 
rathtr  than  wiihin  iht  nvatria  But.  at  ytinitd  tut  hy  tthtri  (Hunt  at  al.,  1941)  thit  may  n«i 
Im  the  MM  far  ht|htr  vtiumt  frattitnt  tf  rtinftrttmtnl. 


•.CONCLUSIONS 

Tht  hihavkur  tf  Al  haatd  mtlal-matrla  ctmptaltct  under  tuptrImptMd  hydrtautk  yrttaurt 
rtvtali  a  variety  tf  damaid  ‘'kl  fracture  yrtntttt.  In  the  tatt  tf  nbrt-rtlnfarcad  cemyttltc, 
failure  at  atmtapherk  yrtMurt  accurt  hy  a  ttritt  tf  nhrt  fracturtt  ftlkwtd  hy  ductile  fallurt 
tf  tht  matria.  Al  Ur|c  prtuurta.  fallurt  tccun  hy  a  tuain  kcaliutkn  whkh  It  acctkrattd 
hy  hath  diktkr.  due  ta  (Ihrt  fracture  and  aalttnlni  due  ta  flhrt  rttatltn.  In  the  cait  tf 
partkk-ralnlarctd  campaalita,  failure  It  Inltiattd  hy  hrittk  fracture  tf  the  rtlnftrclnf 
yartkitt. 

Studkt  tf  Um  yrtMure.dtptndtnct  tf  ductility  may  ht  uitful  far  dtllnini  the  critical 
yaramtttrt,  tuch  at  rtinfarctment  tin,  mtrphtl^  and  degree  tf  partkit  aggregation,  whkh 
central  damage  inititiltn  and  tvtiutitn  in  mtul-matrU  ctmpttittt. 
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FRACTURE  MECHANISM  MAPS  IN  STRESS  SPACE 

D.  1TIRI.INCK.t  V.  ZOK.'  J.  D.  EMRURY'  aMl  M.  F.  ASHRY' 
ef  NUtcruU  lUmiliefi.  OnurM.  Otud*  LXS  JMI  amJ 

•Cimbn4|«  Unt'tMiiy  EB|itw«fm(  Dftmimtr.i,  Tmmptr.fiisn  C4mb«J|c  CII  IfZ,  EtifUtMi 

iHtirtml  :s  S(pi(ti*tt  IWl 

AMnct — can  Ke  ci<n«stiKt(\I  ip  *ife»\  »(vjkx  v*wi*',  f.ir  msinH  nmJ  alltiyv  ih«  ccmpciiitim 
N:t*tcn  ihc  wfinh  !wJ  i>»  tMciurc  ilicv  mituJc  >^-14.  nccVmy.  \i<hl  niKlcaliun.  jociiic 

frociurt.  hnitk  ynm-K<uml4t)  fraciure.ckACiiyc.  >hf4r  lijctuK.  »ml  pluiic  mp<ur«.  SimpItM  dkffami 
it*  con«tnKtM  for  ET.P.  copper.  l*o  »I«N  ami  »n  aluminium  alloy.  The  UMpram«  >how  how 

lh«  fraciurt  mcchaniim  chanyn  with  JWcn  »iatc  ami  help  falionalioc  a  numtw  of  appaicnity  cunflictinp 
obwn’aiioni,  They  have  application  in  prciiKiinn  the  bchaxiour  of  nwult  umder  compicc  ttaicc. 

Wti— <  On  peut  contirwcf,  Uani  rctpaco  lies  conir.inicc.  ik<  «lia|rammci  qui  icpriicntcni  la  com* 
petition  fAirt  Im  diffirentt  mccanmmM  conduiwnt  a  la  rvptur*  dan*  let  miuu*  t(  let  alliaiitt.  ect 
mkanitmet  li*ni:  I*  dKormaiion.  U  iiricilon,  b  fcr.nlnation  tie  oviii*.  U  rupture  ductile,  la  ruptunr 
intcryttnuWirc  fraple.  le  cltvafc.  la  rupture  par  vivaillcment  et>la  rupture  plaitique  Nout  conttruitoni 
lie*  diaprammet  umplilUt  pour  le  cui\rc  EXP .  le  laiton  >.  deux  aciers  et  un  alliapc  *!'a!untinium  Cet 
diairammet  muntrcnl  comment  le  nkcanitme  dc  rupture  ctulue  avec  Titat  dc  contramte.  et  anient  a 
rationallKr  tie  nombreutet  uhtertaiiont  appartmment  coniradictoiret.  On  peut  let  appliqucr  pour  prtvoir 
le  comporiemcni  det  metaut  Mut  det  ^tait  de  contrainie  completct. 

Z«MaHM«ftMant|--Dia|rart'^  biien  tich  im  Spannunptraum  konttramen,  aut  denen  dat  Wechtelepiel 
der  fromt*  hervorpet.  die  zum  Bruch  von  Mctallen  und  Le|terun|  fdhrett  Oiete  hoietve  umfatten 
FlieBen.  EinKhnuren.  BiMuni  von  Hohlrxumen.  dvktiler  Bruch,  iprdder  Komprtnihrueh,  Spalitn. 
Scherbruch  und  plauiKhet  RetOcn.  Vercinfachtc  Oiait^amme  werden  aurpeticllt  fur  Elekiroliupfet. 
i*Metiin|,  xwei  Suhitorten  und  etne  Alumtniumle|krunp.  Die  Diainmme  iti|tn.  wie  tich  der 
Bruchmechanitmui  mil  dem  S|^nnun|uuiiind  knderii  lie  hcifen.  etne  Reihe  Kheinbar  ttidertpr  uehlkher 
BeoboehtiMptn  xu  erkliren.  Die  OiairMime  kdnnen  zur  Voihcruic  det  Verhalteni  von  Mctallen  unter 
kompleten  SpannuniituHioden  btnutit  iterden 

I.  INXROOUCrtON 

The  plaittc  behaviour  of  metals  depends  only  weakly 
on  hydrotulic  pressure.  For  most  prKiical  purposes, 
metals  yield  when  the  effective  stress 

f  -  { !((»i  -  »:)’  +  {*j -  *>)•'  +  (•)  -  ’  (I) 

reaches  a  critical  value,  the  initial  yield  stress,  a,. 

Fracture  is  different;  when  voids  nucleate  and  |row. 
or  when  ckavaie  tracks  nucleate  and  propagate,  the 
volume  of  the  tathple  Increases.  Partly  becauK  of 
this,  the  processes  depend  on  both  d  and  on  the  mean 
streu 

+  (2) 

(which,  of  course,  includes  any  superimposed  hydro* 
siaiie  pressure,  p)  and,  sometimes,  on  a  third  indc* 
pendent  variable  of  the  stress  siaie:  the  most  logical 
is  the  maximum  (most  tensile)  normal  stress,  a,. 

For  each  mcchanisr.,  a  surface  exists  in  stress  space 
at  which  failure  by  that  mechanism  occun  in  propor¬ 
tional.  monotonic,  loadini:  stress  sialrH,  inside  the 
surface  do  not  cause  fracture  whereas  si'css  states  on 
the  surface  do.  In  fcneral.  the  surfaces  for  different 

♦Present  address;  Ccfedur  Pechiney  Research  Ct*\ire.  BP 
L7,  31340  Voreppe,  France. 


meehanismi  intersect.  Then,  as  the  streu  state  it 
changed,  the  dominant  fracture  mode  (characterized 
by  the  Innermost  surface)  may  switch  from  one 
mechanism  to  another.  We  show,  below,  that  as 
many  as  four  mechanism  changet  can  be  identiRcd 
for  common  alloyi  at  room  temperature. 

In  this  paper  we  simptify  the  problem  by  contid* 
ering  only  the  axial  iMdlng  of  cylindrial  tensile 
samples  under  superimposed  hydrostatic  prcuure 
and  of  notched  umpict  at  atmospheric  pressure. 
These  provide  a  wide  range  of  axisymmetric  strus 
states  over  which  fracture  can  be  studied.  Fracture 
mechanism  map*  arc  construct  jd  for  flve  engineering 
materials  in  d  - space  and  compared  to  r.up* 
previously  consiructed  in  d -p  space  (I). 

J.  STliESS  Sri'ATES  IN  CVIINORICAL 
TENSILE  SA.MPLCS 

The  stress  state  m  4  cylindrical  tensile  sample  prior 
to  necking  is  one  of  uniaxial  tension  plus  any  super* 
imposed  hydrostatic  pressure,  p.  Once  a  neck  forms, 
there  it  an  additional  hydrostatic  tension,  ar.  which 
varies  across  the  umple  section.  A  similar  stress  state 
is  found  in  a  cylindrical  tensile  umple  which  has  had 
a  circular  notch  machined  within  the  gauge  length 
prior  to  deformation.  Since  the  stress  state  in  the 
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Mmplc  ckariy  inAucnctt  the  fraciurt  brkaviogr.  ihe 
(flicct  of  tpccimcn  ycomctry  on  mku  mic  it  kvk«c<1 
h«r«. 

The  iddiiional  h>drottaiic  wntion  In  lh«  pl«n«  of 
a  iMck  or  noKh  {2|  it 

i«h«rc  ii«_  ti  th<  current  tircM.  a  It  the  rnmimum 
sample  radius.  K  is  the  radius  of  cursature  at  the  neck 
or  notch  and  r  it  the  distance  from  the  centre  alonf 
Ihe  plane  of  Ihe  neck.  In  unnoiched  samples  Brtdf* 
man  found  that  u  IR  uat  mainly  dependent  on  the 
strain  beyond  neckini,  i.<. 

~  (41 

skhere  is  the  strain  at  the  onset  of  neckini  and  k 
it  a  constant  Sinec  fracture  It  initialed  nar 
lltc  centre  of  the  sample,  sie  only  consider  the  stress 
state  at  r  «  0  Thus,  from  equations  (3)  and  (4)  tie  |et 

'»r«tf*..l'»(l +*(i (3) 

In  pre-notched  samples,  the  variation  of  a.2R  with 
strain  is  not  as  vimple  as  that  ftven  hy  equation  (4) 
Here  there  is  an  cifect  of  Ihe  initial  notch  geometry 
and  the  isork  hardening  behaviour  of  the  material  |3j. 
High  work  hardyning  rates  and  high  values  of 
(a.2RL  tend  to  cause  notch  blunting  during  the 
initial  stages  of  deformation,  i.e.  there  is  a  decrease 
in  II  2R  with  (*  ConvcTKly.  for  low-  work  hardening 
rates  and  t-sw  values  of  iir  2 AW*  the  notch  develops 
similarly  lo  a  neck  m  an  unnoiched  sample.  Here  wc 
can  use  equation  |4|  in  which  ist;  •>  0  lo  describe  ihe 
change  in  notch  geometry  with  itMin.  For  inter* 
mediate  notch  geometries,  i.e.  t<i>3RkiaiO,3  lo  I. 
a-2R  remain  roughly  consiani  up  lo  fracture.  In  ihiA 
case  the  hidrosiatic  tension  can  be  approximated  by 


V  an  studying  the  deformation  behaviour  of  a 
pai  eular  material,  it  is  best  to  monitor  the  neck  or 
note  I  geometry  during  straining  in  order  to  evaluate 
the  stress  state.  Howe.ver.  in  our  modelling  of  stress 
states  in  notched  samples,  and  their  effects  on  frac¬ 
ture  behaviour,  wc  find  that  the  fracture  conditions 
can  be  adequately  desenbed  by  assuming  a  2R  re* 
mams  constant  to  fracture.  Thus  we  use  equation  t6) 
to  estimate  the  hydrostatic  tensile  stress. 

Here  we  also  find  it  useful  to  define  a  hydrostatic 
stress,  Oh*  >  similar  way  to  that  of  Goods  and 
Brown  (4j  The  hydrostatic  stress  includes  any  super* 
imposed  pressure  p.  and  the  hydrostatic  tension,  aj, 
due  to  a  neck  or  notch,  but  not  the  component  due 
to  the  How  stress  l■..<lf.  In  this  context  the  hydrostatic 
stress  IS  nui  the  same  as  the  mean  stress.  the  two 
quantities  are  related  through  the  expressions 

On*^<’r'~P 


and 

+  (’) 
X  .MECHA.V-'*  » 

Wc  consider  the  following  mechanisms 
(a)  RtaukfoUMc  (Fig.  I).  If  no  other  mechanism 
tniervtncs.  a  ductile  material  loaded  m  axial  lentton, 
or  in  a  aal  tension  with  supcnmpoKd  pressure,  fails 
in  a  pu(tly*pUstic  way  The  maic.’ial  yields  after  a 
strain. It  necks  and  strain  Ish..iIi/cs  hi  ihc  necked 


Fig.  I.  ta)  Schcmaiic  repreientaiion  of  the  purely  plastic 
fiilurt  mode.  It  is  favoured  by  high  confining  pressure  |b) 
MKrophotograph  of  7075-T4  aluminium  alloy  loaded  in 
axial  tension  wish  a  confining  pressure  of  1100 MPa, 
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Fij^.  2.  <a)  Schcnuiic  rcprcMnuiion  of  cl«ax’-i|«  ind  of 
hriiile  intcrtnnular  fraciurt.  (b)  Microfraph  sho»in|  the 
inicrirjnuUr  hriiilc  fraciurt  of  an  AI-J.6%Cu  aiiiym* 
metric  lenrile  umpic.  (c)  Cleavage  rraciurc  occurring  in  an 
l■e-i.2*•  P  alloy  broken  in  axisymmetric  leniion. 

region.  After  i  further  strain  (of  general  order  I)  the 
section  reduces  to  a  point  or  chisel'tdic  of  zero 
section.  This  purely>plastic  failure  has  no  volume 
change  associated  with  it.  so  it  depends  only  very 
weakly  on  preuure  (Section  3.1). 


(b)  Ckac^tt  mi  brink  butrgrmmhrfntcimt  (Fig. 
2).  If  the  intrinsic  fracture  toughneta  of  a  material  is 
low,  or  if  impuriiiet  embrittle  its  grain  boundaries, 
then  slip  may  nudeatt  cracks  (across  grains,  at  grain 
boundaries  or  at  second'phaM  particles).  If  the  streu 
is  suiRcient  to  cauK  tme  of  these  cracks  to  propagate, 
a  brittle  frKturc  foUows.  The  fracture  path  may 
follow  deavage  planes  withtn  the  grains,  or  may 
follow  gratn  boundaries,  depending  on  which  path 
has  the  lower  toughness.  This  mode  involves  opening 
of  cracks,  and  is  strongly  pressure  dependent  (^tton 
5.2), 

Icl  Duiiik  lantiw  (Fig  3)  Knymccring  .illov-s 
contain  inclusions  or  particles.  After  a  plastK.  strain 


i 


Fig.  3.  (a)  Schematic  diagram  showing  ihe  nucleaiion. 
growth  and  coalescence  of  voids  leading  to  ductile  fraciure. 
(b)  Maerophoiograph  of  a  lensile  sample  of  spheroidi/ed 
KMO  Keel  which  has  failed  by  ductile  fracture,  (c)  Micro¬ 
graph  showing  damage  development  in  a  I04S  spheroidited 
steel  umpk  broken  in  aaisymmeiric  tension. 
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ri|.  4.  (a)  Schamaiie  dnwini  illuiinilni  ih«  thaar  rraciurt 
madMiUain.  (b)  MKrophoioiraph  of  a  7075>T4  sample 
which  hat  Tailed  by  shear  fracture,  (c)  A  SEM  microfraph 
of  the  sample  shown  m  (b),  showmi  the  void  sheet 
mechanism  leadini  to  shear  fracture 

CvNi  voids  nucleate  at  inclusions:  further  plastic  strain 
causes  them  to  grow  in  length  and  volume  until  they 
link  to  give  a  ductile  fracture.  The  volume  tncreases 
u  the  voids  grow,  so  a  hydrostatic  tension  (as  in  a 


neck)  favours  this  tort  of  fracture,  and  u  luffldantly 
large  pretaura  can  tupprtai  it  (Soctioa  }.)). 

(d)  Skimfimim,  or  toU^skmiog  (Fig.  4).  Under 
the  right  co^itiont,  voids  which  nuekale  In  a  thp 
band  reduce  the  load-bearing  area  of  the  band  to 
much  that  flow  localiics  there.  Further  shear  in- 
creates  the  area  of  the  votd  in  the  shear  band,  until 
separation  occurs  In  the  plane  of  the  band.  Voids 
which  eatend  in  shear  need  not  increase  m  volume,  to 
shear  fracture  it  lest  pressure-dependent  than  ductile 
fracture,  though  it  remains  more  presture-dependent 
than  purely-platiic  failure  (Section  .l.4i 
For  each  mechanism  a  relation  exists  between  4 
and  at  failure.  These  relations  dciine  fitlurc  .sur¬ 
faces  on  a  diagram  with  4  and  ir,  a\  axes  \Sc  now 
Ciinsider  each  mechanum  in  turn.  ex.iniining  the 
approximate  form  of  the  4  -  >t,  rel.ttion  at  failure 
The  symbols  UK'd  in  the  tevt  arc  luted  m  Table  I 

XL  Nauk  rofnurr 
Plastic  flow  occurs  when 
4  » rr, 

Work  hardening  causes  the  yield  slre>v  lo  incrcave 
with  the  ctTectivc  plastic  strain,  f.  At  aiiiuuphcriw 
pressure  the  strain  dependence  of  the  yield  stress  can 
be  approximated  by  a  power  hardening  relation  oi 
the  form: 

Out.  ■  AC  tSl 

where  .4  and  m  arc  work  hardening  co.'tsianis 
The  yield  stress  also  depends  weakly  on  the  pres¬ 
sure.  p  ithc  eiTect  derives  from  the  clVcei  of  pressure 
on  dislocation  motion  (5.6))  The  shear  stress. 
required  to  move  a  dislocation  at  pressure  p.  is 
approximately 


where  u  and  C*  arc  the  shear  stre.ss  required  for 
dislocation  motion  and  shear  miHlulus.  rcspcciivcly. 
at  atmospheric  pressure.  Generally  ilti  J/>  s  2  lor 
cubic  metals  |7).  Figure  5  .shows  ili.u  this  approxi¬ 
mation  IS  in  good  agrccmcni  wiiii  cxpcrtmenial  mca- 
vurcincnts.  Equations  |.S)  and  I'fi  s.iii  then  he  com- 
bincd  to  obtain  a  pressuic-dcpcndcni  (Hiwer 
h.trdcning  law 


The  ymld  surface  alkr  an  cquivaicni  .strain.  <*,  is 
given  by  4  In  particular,  we  dciine  the 

initial  yield  surface  by 

i'll 

where  a]  is  the  initial  yield  stress  in  an  unnoichcd 
sample  with  no  superimposed  pressure. 

Necking  under  muliiaxial  stress  states  can  be  com¬ 
plicated.  For  the  axisymmeiric  stress  state  wc  con¬ 
sider  here,  however,  it  is  straightforward.  Hydrostatic 
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pretiure  indiKnces  necking  only  m  ao  far  a  il 
changed  ihe  flow  siress  slighily  ihrough  equaiicn  ( 1 1 ). 
The  sircts  at  (he  onKt  of  necking,  o.sk.  can  then  be 
evaluaicd  from  the  Coniklere  criterion 

64 

(.2) 

From  equations  (10)  and  (12)  ue  find  that 

r^z■•**•  (13) 

and 

esz  "  rim"  J.  (M) 

If  no  other  fracture  mechanism  intervenes,  then 
necking  ultimately  leads  to  failure  by  purely  plastic 
rupture.  We  suppose  that,  once  necking  starts.  How 
is  localized  in  the  region  of  the  neck,  and  that 
Kparation  occurs  after  a  further  local  strain,  c*.  of 
order  I.  The  strain  at  the  onset  of  necking  is  m.  so 
the  strain  at  final  separation  is 

{f>  I  +m 


and  from  equation  (10).  the  corresponding  true  stress 
is 

e,--<(l+mr(l+^j. 

Alternatively,  if  the  plastic  rupture  stress  af  at  some 
pressure  p*  is  known,  then  the  stress  for  plastic 
rupture  at  any  other  pressure,  p,  is 

*r-»f[l+i(p-p*)j.  (15) 

3.2,  CltKOft  fracMt  tmd  briiile  InitrgromJar  /roc- 
lurt 

Most  crystalline  solids  will  fail  in  a  brittle  manner, 
either  by  transgranular  cleavage  or  by  brittle  inter¬ 
granular  fracture,  if  the  temperature  is  sufficiently 
low  or  if  the  hydrostatic  tension  sufficiently  large. 

3,2,1,  Sucltailoa,  Many  brittle  solids— most  ce¬ 
ramics.  for  instance— contain  small  cracks  caused  by 
abrasion,  corrosion,  or  growth  defects.  Intrinsically- 
brittle  metals— the  b.c.c.  and  h.c.p.  metals  and 
alloys,  for  example— may  contain  such  intrinsic 
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Fif.  i,  A  dugram  tho«t«|  iM  aiTtct  of  pmtw*  oa  the  llo«' 
HnM  of  J  alk>>t.  H«f(  «,  «<  k  ih«  nito  of  lh«  Dow  (iKt« 
Midtr  A 10  (hat  ai  /•  >  0  at  ih<  MiM  pUuic  MraM 

Tlw  biMar  a|<fraumaitofl  H  in  ytHtd  a|tWflMni  «>iih  the 
ttptrinwflul  liau. 


crackt,  but  oven  «hcn  they  do  not.  twinning  or  tlip 
con  crcoic  them.  Gcncrolty  Hwaking.  crackt  thus 
nucleated  have  a  length.  2r.  whkh  Kalei « the  gram 
MIC.  Thui  below  the  ductile'lo*briltlc  traniitioo  tern* 
pcratuit  gnin-uMd  crackt  nucleate  at  toon  at  the 
yield  Mrett  it  exceeded.  Then  the  nucieation  condi* 
tion  it  limply 

d-*,.  (16) 

If  the  fractuK  toughnett  it  tufflciently  low,  one  of  the 
crackt  will  propagate  unttably  immediately  after 
nucieation.  cauu'ng  fracture.  The  fracture  itreu  will 
then  be  the  umc  at  the  nucieation  ttrett.  Thit 
fracture  mode  it  contcquently  referred  to  at 
initiaikm-controllcd  brittle  fracture.  In  matcrialt  with 
higher  frKlure  toughnett.  the  crackt  arc  not  initially 
unaubic.  But  at  work>hardening  increaict  the  flow 
ttrett,  new  tlip-induced  cmki  are  nucleated  and  the 
ttrett  ultimattly  rcKhei  the  level  required  for  fatl 
propagation. 

J.Z2.  Crock  propofaUtm  anti fraciurt.  One  of  the 
crKkt  propagates,  either  by  trantgranular  cleavage 
or  by  an  intergranular  path,  when  the  Griffiiht 
criterion  it  tatitfled.  In  simple  tension,  this  requires 


tBrittIc  fracture  it  potiiMc  when  all  three  principal  tiretiet 
arc  comprcttitc.  but  the  failure  criterion  it  more  compli* 
cated  than  cquiiion  (18)  ttee  Ref  j.V}||.  Such  fraciurct 
arc  found  in  ceramict,  rockt  and  minerals,  bui  rarely  in 
metalt. 


that  the  tcntile  itreai  ranebet  the  critical  'alue 


•r- 


(17) 


where  A’k  >f  the  frKturc  loughncM  of  the  material 
and  C:  it  a  conttanl  near  unity  For  axtsymmctric 
loading  with  e,  tensile,  the  fracture  surface  it  dC' 
Knbed  by 


d«er+p  (III 

where  «,  can  either  be  estimated  from  equation  (IT) 
or  mcasuicd  by  lowering  the  temperature  to  allow' 
brittle  fracture  at  atmospherK*  prexture  * 

This  fracture  mode  is  referred  to  at  propagation* 
controlled  brittle  fracture  It  it  important  to  note  that 
both  the  nuckatioii  and  propagation  criteria  (equa* 
tiont  (16)  and  til))  mutt  be  tatitfled  in  order  for 
brittle  frKture  to  ukc  place. 


JJ.  Ckuicol  dWrrMr/rarrare 

Mom  ductile  mcult  at  atmotpherie  pretture  fail  by 
the  nucieation.  growth  and  linkage  of  voidi.  giving  a 
cup>and<onc  fracture  In  atisymmctnc  icnuon.  Voids 
nucleate  at  second  phaic  partK'let.  grow  by  the  platiic 
strain  of  the  surrounding  matnx.  and  link  when  their 
sue  It  such  that  interaction  with  neighbours  becomes 
Mrong. 

3.J.I.  IWnucirariM.  We  describe  the  nucieation 
of  voids  by  using  the  method  of  Goods  and 
Brown  (4),  Nucieation  occurs  when  the  local  tensile 
ttrett  at  the  particle-matrix  interface  reKhct  a 
critical  value.  #1.  tuflkient  to  cause  parlicle-matnx 
decohesion  or  panicle  fracture.  The  Mrett  at  the 
panicic  it  that  due  to  local  work  hardening.  Out- 
(which  it  always  larger  than  the  general  rate  of  work 
hardening  becauic  of  the  specially  denm  ungict  of 
ditlocationt  at  the  panicic)  plus  the  hydrostatic 
tuttt.  Om.  The  nuclraiion  condition  can  then  be 
written  at 


+  (19) 

The  ttrett  it  determined  by  the  local  dislocation 
density.  the  panklc-matrix  interface.  In  the 
absemx  of  recovery  or  other  annealing  efleett. 
increases  proponkmally  with  Mrain  (1, 9).  Then  if  irt« 
it  proponional  to  where  6  it  the  Burgers 

vector,  the  nucieation  Mrain  it 

t’O) 

where  Ci  it  a  constant. 

If  nuckation  occurs  prior  to  necking,  (hen 
B  ~p  and  the  nucieation  condition  can  be  written 

at 

<v>«t*s|^l+^J  121) 

where  its  >s  the  nudeation  strain  at  p  *0.  The 
nucieation  condition  can  be  rewritten  in  terms  of  the 
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Sow  Mr«M  utiai  oquatiofi  (10) 

when  it  (he  nwlMiiofl  umt  at  ■  0, 

If  nuclcaiion  ooewt  after  ncckini,  «m  niuH  include 
(he  hydrotutk  Icrtule  ttrett. «{.  due  lo  (he  neck,  at 
well  at  (he  tupenmpoted  pmiurt./».  From  equadont 
(3)  and  (IK))  (he  nucleaiton  condition  it 


<vt,  ■  t\J< 


where  the  brackett  <.t>  have  the  meamni 


for  .T<0 
and 

<.e>  mx  for  X  >  0. 

(Note  (hat  equation  (2})  timpliSet  to  (21)  if  nuck* 
aiion  occurs  prior  to  necking  hnrh  at  p  «  0  and  at 
pretsure.  p.)  The  nuckaiion  tiratn  can  again  he 
converted  lo  a  tirett  through  equation  (iUI  A  timiUr 
ttpretuon  can  bo  derived  for  the  nuckaiion  tirain  in 
a  notched  tampk.  The  limit  of  ihc  void  nuckaiion 
line  in  #  - «a  tpacc  at  d  xO  occurs  at  u.  ■  e,. 

J.3.2,  FuM  fnwik.  Under  an  aaitymmetric  Sow 
ScM.  initially  spherical  voids  grow  into  tlltpioidt. 
Their  growth  rate  depends  on  the  mean  stress  and  the 
current  kvel  of  platiie  ttiain.  The  asial  growth  rate, 
/>.  and  (he  lateral  growth  rau.  are  given  by  Kicc 
and  Tracey  (10)  at 

+  CM) 

fi-ft(--y/2  +  0)<f  (24b) 

where  if  it  the  remoie  asial  strain  raie;  y  it  a  shape 
change  ampliScation  fKior  whkh  depends  on  the 
current  void  shape;  and  0  it  a  volume  change 
ampliScation  fKtor  which  depends  on  the  mean 
ttrett.  (7  and  D  are  dcKribed  in  the  Appendix.) 
Integration  of  equationt  (24a)  and  (24b)  gives  the  tiie 
of  the  void  in  the  tentik  direction  at  (from  the 
Appendix) 


X exp|^0.2g(  +2.21  (I  +3 Ins  -  a) 

where  t  it  (he  strain  beyono  nuckaiion.  (<  "T  -<») 
fa  is  the  initial  void  radius  (which  it  taken  as  the 
radius  of  the  partick)  and  s  is  given  by 

3-l+*<f-m>. 

Here  we  assume  that  void  coalescence  occurs  when 


I2I» 


iMchea  a  critical  value  (I I).  From  tbit  crHerioo 
we  can  evaluaic  the  ftacturc  strain,  f;.  at  tome 
preseure.  p.  in  tcriM  of  the  ftaesure  Drain,  fi,  at 
p  >  0.  The  fracture  strain  can  then  be  converted  lo  a 
stress  through  equation  (10).  The  ductik  fracture 
surface  for  matertait  wuh  low  work  hardemng  ex* 
ponentt  (m  ^0.1)  and  which  do  not  undergo  exien* 
sive  necking  it  given  approximately  by 


where  d,  It  the  fracture  stress  at  p  «  0  and  if;  is  the 
fracture  stress  at  pressure  p 
In  onstructing  the  fracture  maps  shown  later,  wv 
have  used  the  more  compkx  equations  of  the  Ap« 
endix  which  art  not  limited  to  narrow  ranges  of  m  or 
and  which  include  the  fracture  conditions  for 
pre-noiched  tampkt. 


.1.4.  I W  /Mugf  by  shtur 

If  the  void  density  becomes  high  enough,  a  new 
son  of  insubiliiy  bMOmes  potsihk.  It  is  variously 
called  "void  sheeting"  or  "void  coalescence  hy  shear" 
and  involves  the  catastrophic  linkage  of  voids  in  a 
shear  hand.  It  is  perhaps  the  kast  studied,  and  k.nt 
well  understood,  of  the  fracture  mechanisms  dis* 
cussed  here;  the  model  must  be  regarded  as  a  first 
approximation  only. 

3.4.1.  Tht  imuMiiy,  The  mechankt  of  shear  in> 
Hability  have  been  analyied  by  McClintock  (3).  Yarn* 
amolo  (12)  and  Sqje  *1  of.  (13).  At  the  simplest  kvel. 
the  idea  is  at  follows.  If  the  density  of  sph^il  voids 
It  .V,  per  unit  volume,  of  mean  radius,  r.  then  an 
Increment  of  shear  d?  in  a  band  of  area  and 
thickness  equal  to  2r.  reduces  the  section  of  the  band 

^^--4r‘-.V..d7.  127) 

At  constant  load,  the  (rue  shear  stress  a,  in  ihe  band 
increases  by 

Unsubk  void  growth  will  occur  if  the  work  hard¬ 
ening  is  insuDkifot  to  eompcnsaic  for  this  increaK  in 
shear  stress.  The  insubiliiy  condition  is 


I  ^  I  M 
»idy  “ddf 


FAT. 


(28) 


where  F(^4f’)  it  the  volume  of  a  void.  Using 
equation  (10),  we  And  the  condition  for  unttabk  void 
growth  in  shear  to  be 


Shear  coalescence  it  less  pressure-dependent  than 
classical  ductik  fracture,  and  because  of  this  it  be¬ 
comes  dominant  u  the  pressure  increases.  At  high 
pressures,  voids  do  not  grow  much,  so  F  is  roughly 
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oomuRt  Willi  tlriin  and  iIm  moM  imporuni  Itnn  on 
iIm  Hslii  ikk  of  ihc  «siuiion  i*  voM  demity. 
Mv. 

JJ.2,  Fmtwt  hy  shttflkkagt  tf  roMIr.  Detailed 
MuJic*  of  voM  noclealion  (14-11)  ihow  that,  after  an 
inttui  nudeation  tireat  whKh  we  called  in  Section 
3.}.  the  number  of  loldi  Increatea  rou|hly  in  propor* 
lion  to  ihe-pUtiic  atrain.  t'  From  equation  l33l 

Then,  uting  equation  1 10) 

Wv  ■  0  when  d  < 

I  »hen  d>(r»s  t'O) 

where  C,  It  a  conttant.  Combining  this  with  equation 
(29)  givct  ihe  Tallurc  condition 

m--4>-C,d(d'^-e;5P  for  -f>#w  (31) 

where  C,  it  a  dimennonlctt  conttani.  The  irou* 
bietomc  conttant  C  it  removed  by  uting  etpen- 
mental  data.  .Suppctc  that  void  coaletcencc  hy  thear 
It  obterved  at  a  tirctt  d*  when  the  pretture  it  p* 
Then  equation  (31)  can  be  rewritten  at 


Thif  deftnci  the  frKture  turface  for  thcar-induced 
void  linkage.  When  Ihe  nucleation  ttrett  it  tmall 
(at,  for  example,  when  the  mean  ttrett  «,  it  large) 
equation  (32)  umplifiet  to 

d  conttant 

When,  Intiead,  the  nucleation  ttrett  it  large,  the 
failure  condition  lendt  to 

d 

and  ihut  (through  equation  (23))  it  pretture  de¬ 
pendent. 


4.  CONSTRUCTION  OT  THE  .MAPS 

The  cquationt  developed  in  Sectioni  2  and  3  relate 
the  cifective  ttrett,  d.  to  the  mean  ttrett.  for 
tentile  leitt  on  cylindncal  tamplet  with  a  confining 


pretture  and  notched  tamplet  with  no  conlinini 
pretture  (l.e.  aaviymmetric  ttrtu  tutet).  Similar 
cquationt  can  be  dcveloptd  for  other  mukiaawl  Mriti 
itatct. 

The  failure  lurfacct  for  each  mcchanitm  are  con¬ 
veniently  thown  at  hnct  on  aact  of  d  and  Here 
we  uk  -«n  M  the  abtcitta  (at  oppoted  to  4-e,) 
iuch  that  the  tupenmpoted  pretture  increaiet  at  we 
move  to  the  right  of  Ihe  axit.  Thit  alk>wt  for  an  eatier 
companion  with  mapt  which  have  previoutv  been 
plotted  in  d  -  p  tpacc  (I).  The  mapt  alto  show  the 
ttrett  ira)tctorict  which  are  taken  at  variout  pret- 
iuret  or  with  varlout  notch  geometnet  to  reach  the 
fracture  turface. 

The  failure  turfacet  arc  ploited  hy  stepping 
through  value  of  p  and  evaluating  the  ttrets  iraieciory 
(from  equaiioni  (T)  and  (I0)|  and  valuet  of  d  and  0« 
corretponding  to  fracture  at  each  t'cp.  A  timilar 
procedure  It  followed  for  notched  tamplcf  e.xcept  that 
we  ttep  through  valuet  of  («r2R).  The  mapt  thow  the 
ttrett  tntitetoriet  for  icveral  prctturct  and  notch 
geomeiriet;  the  trajeetonet  f**:  other  condiliont  can 
be  evaluated  either  from  the  equaiiont  pretenied  here 
or  hy  interpolating  hciwcen  the  ira)<cioriet  show  n  on 
the  mapt.  To  plot  the  failure  turfacet.  data  are 
needed  for  a  number  of  material  propertiet.  We  have 
derived  ihetc  from  the  open  literature  and  from  our 
own  cxientive  ttudiet  of  the  way  in  which  tuper- 
impoicd  pttuurt  induenett  fracture  mcchanitmt  in 
axitymmetrie  deformation.  The  data  are  attembkd  in 
Table  2  for  variout  type  of  behaviour.  The  origint  of 
the  data  arc  documented  betow. 

The  procedure  uted  to  conttruet  the  diagramt  wat 
at  followt.  Fint,  the  yield  (equation  (ID),  necking 
(equation  (14))  and  void-nucitaiion  (equation  (23)] 
Itnet  were  ptoiied.  The  mechanitm  at  p  ■  0  (vimpic 
tention  with  no  tuperimpoted  pretture)  wat 
identifted:  for  moti  engineering  alloyt  it  it  ductile 
frKiurc.  The  ductile  fracture  line  wat  then  plotted 
(cquationt  (A  10)  and  (A14)|  uting  the  value  of  i 
giving  fraciurc  at  p  ■  0  at  a  normalizing  ttrett.  Data 
for  the  mechanitm  change  from  ductile  fracture  to 
thear  Tracturt  or  to  platiic  rupture  arc  now  uicd  to 
read  ofT  the  value  of  i,  given  by  thit  line,  at  the 
pretaure  corretiwnding  to  the  lirtl  change  of  mcch¬ 
anitm.  Thit  pair  of  values  of  d*  and  p*  are  the 
normalizing  ttrett  and  pretture  for  the  new  mcch¬ 
anitm  (cquationt  (IS)  and  (32)).  The  line  for  ihe  new 
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Fif.  i.  MiCfOyffA  (iMoiai  iM  llMW  lll»clllHl(lll 

AI>Ji%  C«  tUoy  ttMkr  i  iwnnw  of  307  MN, 


mtcluniMn  wot  cMMrtKtd  and  the  ptoeeu  repeated 
for  each  ehtitfe  of  meehonitin. 

An  cumplc  may  be  helpful  Sere.  At  p  ■  0.  an 
o^enipcd  hiih>|Hmty  Al-).6S  Cu  alloy  fatU  by  inter* 
granular  fracture  (Fig.  2(b)):  the  corrctfondlni  inter* 
granular  fracture  lioct  are  conttructed  from  ei)ua* 
tiont  (li)  and  (IS).  The  Arw  change  of  mechanitm  la 
to  a  ihear  frKture:  it  occur  at  p*  •  100  MPa  »hcn 
d*  ■  42S MPa  (Fig>  6).  This  pair  of  \aluM  arc  UMd 
in  the  ihear  fracture  aquation  (equation  (32))  to 
conttruct  the  ihear  fracture  line.  A  tecond  change  of 
mcchaniwn,  to  plaitie  failure  (Fig  7),  occurs  at 
yi*  ■  AIO  MPa  when  d*  «  4W  MPa.  Thii  pair  of  «!• 
ues  are  uwd  m  equation  (IM  to  conttruct  the  plaitie 
failure  line. 

The  ffguret  ihow  maps  for  copper,  annealed 
a*brait.  ipheroidittd  medium  carbon  itccl.  a  temper 


Fig.  7.  Micrograph  thowing  ihc  platiK  failure  mechanitm 
oceumag  when  breaking  an  aaitymmfinc  tentile  um;q<  of 
AI-).6Vt  Cu  alloy  under  a  pteiaure  of  490  MPa. 


embrittM  lutl  and  an  overagad  AI-).i%Cu  alloy. 
Tbt  diagram!  ibow  a  M  Kna  for  aack  f^tm 
meebaniam  and  brohan  Knag  for  lha  yitid  surface,  iha 
onset  of  nacktng  and  the  onset  of  void  nudcation 
The  inner  envelope  of  tlie  frxiure  'urfavct  icto«* 
hjt.hcdi  dctinct  uiliit*  the  di.sgr.im4  <lltt*u.ii.  hi  » 
Ihc  tuctutc  mcch,im*<o  »hjHyv\  tii  ihc  *»mic'*»4 

Hiittle  ir.u:urc  *  DuiUV.*  iMviurc  « 

Shear  traciurc  Pt.s»iK  rupture 
at  prctture  it  tncrc.itcd  Sole  p.itUtiii.sri»  hi-w  ilic 

ttfong  prcttsirc  %Icpt'n,!t'!Ht  "i  ds.tti!t'  lUktuf,  *auwt 
i|  to  he  n.-platC(l  he  t!i.<.:r  Irj^tblC  ll'.l  ?!u* 
tisrn.  hccomct  prctture  dtpendem  *at  it  h.mt  iti,  t.nd 
nucicaiii'n  tmel  and  it  ^'plKt'd  m  iit  rutii,  h\  platiu 
rupiiirc 

k  ORKUNS  OF  THE  DATA 

11.  F.r.P.  rapper  (F^,  #) 

The  diagram  for  ET.P.  copper  tkows  tivo  failure 
mcchamtmt:  diiniic  fracture  and  piaMic  failure. 
E.T.P.  copper  is  WWwt'.Cu.  0.022 wi»<0.  with 
indutloot  o( Cu.O.  The  standard  heat  Ireaimcni  (I  h 
at  MO'O  gave  a  man  grain  liM  of  0.02  mm.  French 
and  Weinrich  |ll|  and  Yapma  at  nf.  (I9|  ohterved 
ductile  fracture  with  large  voids  in  the  centre  of  the 
neck,  from  0<p<350.MPa  with  a  transition  to 
plauie  failure  with  a  chiict  edge  frKtura  above 
330  MPa. 

The  iheai  modulus  G  and  initial  yield  strength 
are  from  tundard  handhooks  (25).  The  icnule 
strength  a^s  4<td  the  work>h»rdcnin|  caponent  m  are 
from  French  and  Wnnrich  (II).  The  work*hardcnmg 
constant  A  was  cakuiaicd  l^rom  A  <■  e*tcvp(m)'m". 
The  fracture  sirtst  at  p  ■>  0  was  eakuiated  from 

■  dTf”  using  data  for  f|  from  the  >amc  source. 
The  CU]0  partkkt  In  E.T.P  copper  arc  cracked, 
even  in  Ihc  as-rtctivcd  material,  so  .  .i  void  nuck* 
ation  sutu  at  p  >  0  and  the  inicrfacc  strength  a |  were 
uken  as  nro.  The  ttreu  for  plastic  failure  is  the  stress 
corrtspondinf.  to  a  strain  of  By  fitting  our 

equations  to  French  and  Weinrkh's  (II)  data,  we  find 
ta-1.9. 

«.*.  (FOt.  9) 

The  map  for  x  brass  vhow^  three  tncehanitnis 
duciik  fruciurc.  shear  fractiirc  and  pt.itiic  laiUire. 
The  brass  contains  70.lvkt*.tu  and  2'/Vwi“«Zn. 
with  inclusions  of  iCnS  (20).  The  standard  heat  treat* 
mcnl  ilh  at  600  C)  g;ivc  a  mean  pram  ti/e  of 
(1.07  mm,  French  and  Weinrich  (20  2.t|  oKterved 
three  mechanitms.  ductile  lr,n.iiire  from 
0<p  <.t.H)MPa,  thear  rraclure  Irom 
.730 <p  <  1 150 .MPa  and  plastic  failure  fur 
p  >  1 150  .MPa.  These  findings  are  broadly  confirmed 
by  Yajima  ri  al.  (19)  and  Beresnev  cl  al.  (24)  who 
identified  the  transition  from  ductik  to  shear  fracture 
atp:x400MPa. 
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Fi|.  i.  A  rnKiUN  (lup  m  4  >p4<t  for  E.T  P  Iroiitn  bMt  thow  yMMInf,  and  ilw  Man  of 

nav'Vini,  Full  bntt  iHow  iht  MrtM  and  pmturt  ai  failuK  by  «aeh  nMchanttm.  Tht  inner  mveloiw  of  ihc 
foil  liiMt  (cftW-baidMd)  |i«tr  lb*  frariut*  wfaet  and  ihowi  the  thangn  of  machaniMn. 


The  shear  modulus  C  and  the  yield  stren|ih  ej  are 
from  the  ASM  Simlt  Handhoipk  |25|.  The  tensile 
sirenith  xxl  <Ik  work>hard<ninf  exponent  m  are 
from  French  and  Welnnch  (22).  The  vx'ork-hardenini 
constant  A  was  calculated  from  A  ■■  ef|exp(m)/m''. 
The  frKture  stress  at  />  -  0  was  caintlaied  from  the 
fracture  strains  by  French  and  Weinrich  |22| 
using  «?■  There  arc  no  meaiuremcnti  of  the 
stress  at  whKh  vmds  nucleate  at  the  ZnS  partletes ,  Wc 
have  found  that  the  overall  observations  of  fracture 
modes  are  adequately  deKnbed  by  taking 
#,-2000  MPa  (about  c;/20)  and  #t«-}|0MPa. 
The  observations  of  plastic  rupture  are  well>deKnbed 
by  setting  r„  «'  13 

fX  Wf  lUtl  Wig.  lOl 

The  map  shows  a  large  regime  of  ductile  fracture 
At  very  low  mean  stresses,  i.e.  high  pressures,  this 


mode  is  leplaccd  by  shear  fracture.  At  very  high  mean 
stresses,  cleavage  fracture  is  the  dominant  mode 
Although  tlie  map  suggests  that  m  pnnctple  this 
material  could  fail  by  cleavage,  in  pr^ctlK  it  is 
unlikely  that  a  sufficienily  severe  stress  concentration 
could  be  maintained  at  room  temperature  in  order  to 
attain  the  required  hydrostatic  tensile  stress.  The 
Urge  sircsMs  at  the  notch  tip  would  result  in  plastic 
(low  and  subsequent  notch  blunling.  beyond  yield, 
therefore,  the  mean  stress  would  no  longer  increase 
proportionally  with  the  dTcctive  stress,  as  indkated 
by  the  stress  trajectory  for  (a/2X),>  I,  but  rather 
remain  constant  or  drt^  as  the  efTcctive  streu  was 
increased.  Consequently  the  ductile  fiacturc  line 
would  be  reached  before  the  cleavage  line.  This  stress 
trajectory  is  shown  schematically  on  the  map  (curve 
At  lower  temperatures,  however,  the  yield  and 
ductile  frKture  lines  would  be  displaced  upward  such 


Fig.  9.  A  frKiurt  map  in  e  ipnct  for  x>brau,  ii  shows  three  mechanisms:  ductile  fracture,  shear 

frKture  and  plaiiic  failuie. 
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Fi|.  10.  (I)  A  rrKiuft  IMP  In  4  -  >pk*  of  th*  KHS  Mod  to  iM  iplwfoMiMd  con4itio«i.  It  ihoM  itpinM 

of  ductile  fracture,  ili««r  fracturt  aod  cleirapc.  TIm  cur^t  UWIed  A  KhctMilctUy  thowt  |}|«  ira^Ktoty 
for  u  atverely  notched  tainple  which  underpoet  notch  MuMinp  nnd  ultMUiely  feilt  by  ductile  fracture 
(b)  The  map  in  U)  ptoiiedT  in  4  -p  tpeoc. 


that  the  ekavage  line  could  be  easily  rcKhed  using  The  value  of  «|  obtained  by  Brownngf  n  itl.  (16) 
the  appropriate  sample  geometry.  was  not  used  here  since  it  was  evaluated  incorrectly 

Almost  all  the  data  arc  from  Rrownngg  «t  til  (16),  according  to  the  method  of  Goods  and  Brown  (4].  In 
Their  material  (AISI 1043)  was  austenitiicd  for  I  h  at  this  method  (1^^)' ' »  plotted  against  the  hydrostaiK 
900  C,  oil  quenched,  tempered  under  vacuum  for  stress,  o^,  and  the  data  are  extrapolated  to  ist,  "0; 
SI  h  at  700  C  and  furnace  cooled.  The  cleavage  stress  at  this  point  en  ■  0|,  Brownrigg  ti  of,  plotted  ((«>)' ' 
wu  akulatcd  in  the  way  suggested  by  Knott  (26).  against  the  mean  stress.  resulting  in  a  value  of 
using  1200  MPa.  A  similar  value  was  obtained  by 

r»£y  1“  LcRoy  era/.  (14)  using  the  same  incorrect  method.  By 

ploiting  Brownrtgg's  data  as  (r^s)'  *  «  »m<  ** 

L  *  ■'  that  Oi  w  1800  MPa.  This  value  it  in  kiood  agreement 

with  £w2xl0’MPa  (J).  yp«l4Jm‘  and  with  values  of  2000 MPa  obtained  by  Goods  and 
rg  l.l  pm  (the  95lh  percentile  of  the  carbide  sire  Brown  (4)  and  1700  MPa  obtained  by  Argon  and  Im 
distribution),  using  data  from  Brownngg  *t  al.  (16).  (27). 
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Fiy.  It  Th<Nin!<lf4«iu(« 

liM  wkrxcM  iM  Im*  f*f  Jwiilt  fr^iiun.  (»m  Ngtinci  W  fiiliiK 


TV  Km*  Mrmpofldiiii  to  tV  mImt  nMchtnumf 
wtn  pM««d  in  iK«  »*y  nlftady  «ktcriM  for  copper 
ud.S'Krui.  Spain  uunp  ti^ia  from  Ironnnii  r/  a! 

m 


S,4,  4340  SttH,  w*frf -rnt^rt/W  Ifif  II) 

EmbniiNnf  traimmu  ditpiaot  tht  bntik  inirr* 
|r*i)uiar  fraciuit  Km  to  Iht  ri|t»(  M  that  il  iruncatc* 
ih*  cioctiit  fractwt  Km.  TV  imp  itiowi  ho«-  bntik 
fiwtitw  M  itpiaood  by  doctik  fracivrc  a*  iht  pmwit 
K  incfttMd.  TV  dau  art  fram  Cox  and  Low  |?ll. 
TV  mawrial  coniaiM  iwo  kind*  of  induiion*;  Ui|« 
.MnS  panick*  on  whicK  vonh  nuckaie  ai  joon  ai  t  V 
mairix  yields,  and  smaller  FciC  otniclct  wliKh  fisc 
voids  in  sVar  bands  Knkinf  tV  .MnS*nucieated 
voids,  Nuckaiion  at  tV  .MnS  pnrtKks  is  described  by 
•i  ••  o%H  ••  <1 "  MFa* 

In  iV  cmbniiled  uaic.  iV  rrKturc  siress  at 
p  n  200  .MPa  was  taken  as  tV  yield  stress.  Note  that 
iV  brink  inierpranular  I'rxiurt  line  has  two 


branches.  At  low  prcssvrw  or  in  noKhed  sampks, 
bnitk  fracture  is  inltiaiionMionirolied  and  thus  iV 
fracture  stress  coincides  with  iV  skM  s*rcvs.  At  high 
proiurix  cracks  whK'h  arc  nuckated  a;  the  ywtd 
point  arc  milially  Mahk  FuriVr  straminp  increases 
tV  Mfcss  until  tV  k\el  rc<)uircd  for  rapid  crack 
propapaiion  is  attained, 

lather  shear  fracture  nor  plastk  rupture  appear  in 
tV  ranpe  of  pressures  for  which  data  are  as'ailahk. 


S  3  Al-li*kC>i  itikn  iFv  12) 

TV  map  shows  three  mechamsms;  tntcrpranular 
bnttk  fracture.  sVar  fracture  and  plastic  rupture. 
TV  data  are  from  Teirtinck  (24)  The  material  is  a 
hifh.punty  ANT4*iCu  alloy  which  has  been 
solution.hcai  tieatcd.  quenched  and  aped  for  four 
days  at  125  C  to  pse  csienpse  grain  boundary 
precipitaiion.  resulting  in  intergranular  fracture  at 
p  ■  0  TV  lines  for  tV  otVr  mechanisms  were 


ri|.  IS.  A  frKiurc  nup  in  d  -  e.  space  for  Al*}.6*<  Cu.  Il  shows  three  mevhjnisms;  briiilc  inicrgranulrr 
fracture,  shear  frKiurc  and  plastic  failure. 
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okitUMtf  id  ih*  wiy  4<«nb(il  for  copper  »nd 
I'krMt.  dau  from  Tdrimek  (:9). 

i,  DdCUMON 

i./.  Cmftritoi  fmnttt  imft 

TIm  proecdtni  cumpkt  thow  how  dia|nmt  in 
d  -  *poC(  dcKnkt  In  a  pKiorul  «ka>‘  the  r<* 
Uiionthip  between  cempetmf  fracture  mcwhanitmt 
at  the  ttrett  iinc  if  chant^  Similar  mapi  ha\o 
prtMoujly  been  conttructcvl  in  d  tpacc  |l|  Al« 
(hough  (he  two  (>po  of  nupt  convey  c^Kntulty  the 
same  inform«.tion  about  the  frac<urc  at  a  given 
pressure,  there  arc  some  ilistinet  vltifcrenees  hetween 
(he  maps  whKh  need  to  be  addressed 

The  maps  tnd  -p  space  have  the  adsaniagc  that 
they  are  simpler  to  construct  and  read  vmse  there  is 
no  need  to  evpbeitly  foltsiw  the  stress  traiectory 
during  deformation.  In  these  maps  the  stress  tra* 
jectoo'  K  Mmpiy  one  In  which  the  pressure  is  in< 
croued  to  some  lUed  value,  and  the  effKitve  stress 
(hen  Increased  monotonically  to  failure  In  4  -e,, 
space  the  stress  Ira^tory  at  a  hsed  pressure  it  a 
function  of  the  changing  sample  geometry  and  must 
therefore  be  shown  evplicitly  on  the  inapt  ^^llhottt 
these  traycctories  (he  fracture  mode  and  fracture 
stress  could  not  be  easily  read  off  the  maps. 

One  disadvanisge  of  ihc  maps  in  d  -  p  space  is 
that  there  Is  no  indicaiion  of  the  chsngc  In  stress  state 
resulting  from  necking.  The  hysirosu'x  tensile  stmt 
which  can  be  atuiiwd  within  a  neck  may  reach  a 
significant  fraction  of  the  (low  streu  and  ckarly 
Inlluenccs  the  fracture  mode  and  fracture  stress  at  a 
given  pressure.  1:  is  therefore  uxful  to  depiei  the 
contn^ilon  of  the  changing  sample  geometry  to  the 
stress  state  at  shown  on  the  maps  tn  d  H»cc 

An  additional  diRkuliy  anset  in  the  i  -p  maps  tn 
the  region  where  p  <  0.  i.c.  superimposed  hydrosiaiic 
tension.  In  prKtiK,  we  cannot  superimpose  an  arbi* 
iriry  hydrostatic  tension  onto  a  tensile  sample.  In* 
stead  we  UK  notches  to  create  a  hydrostatic  leniik 
stress  which  varies  with  ihc  current  flow  ttms  and 
current  ncich  geometry  Thus  the  parameter  which  It 
plotted  on  the  abKltu  of  (he  kff  side  of  these  maps 
it  actually  the  hydrotutic  tension,  o; .  rctulitng  from 
the  ncn*untform  sampk  piomctry.  whereat  the  ah* 
Kitta  of  Ihc  right  tide  It  the  tupenmpoted  pressure 
This  inconsisicney  can  be  remedied  by  repi^ng  the 
pressure  on  the  abscissa  with  the  hydrotutic  tims. 
9^,  (which  includes  both  the  superimposed  pressure 
and  the  hydrotutic  tension  due  to  a  neck  or  notch) 
Of  with  ihe  mean  urcss.  e.  (which  includes  Hh  and  a 
compoflcni  due  to  ««»)  »  '•'<  have  done  here.  In 
doing  so,  wc  alto  provi^  a  more  complete  dcKrip* 
lion  of  the  stress  stale  during  deformation  and  at 
fracture. 

To  provide  a  comparison  of  the  two  type  of  maps. 
Ihe  data  for  the  I04S  spheroidired  steel  (Fig.  l(Ka)] 
were  piotted  in  4  -p  space  (Fig.  I0(b)|.  For  reasons 
outlined  above,  only  Ihe  region  in  which  p  >  0  has 
been  included.  Clearly,  it  is  easier  to  read  the  fracture 


l») 

stms  at  a  givefi  pmaurc  m  d  -p  space.  However, 
there  it  no  indiaiion  here  of  Ihe  Urge  hydrcsuik 
tension  due  to  Mcklai  (at  tam  M  higher  pretturei  in 
Fig.  KXa^  nor  it  ibtrc  any  information  regarding  the 
fracture  of  initwily  noKhed  tampkt. 

In  "KW  of  the  additionti  information  provided  in 
the  d  -  tn  maps,  it  u  cur  feeling  that  the  additiooal 
compkvity-  involved  m  contiructing  and  reading 
ihe*c  mapv  i<  yutiiAed  However,  for  malcrult  m 
which  necking  it  not  very  evicnvive.  and  when  the 
behaviour  for  n  »  U  w  of  primary  miercit,  ihe  maps 
tn  d  ~p  space  provide  an  appropriate  reprewnialion 
o)  Ihe  fnieiure  v,<niliiion« 

OJ  /Xt>it.iyf  utttMUM’arhWi  and  iMi rare 

I  raeiure  iv  ihe  end  (s'int  of  a  damage  a^vumu* 
laiion  proeevr.  ami  not  a  diwrete  event  independcni 
of  the  derormaiion  proetss.  In  this  eonicvt.  ihe 
fneture  "cvcni'*  can  ^  viewed  at  the  aiiammeni  of 
a  vriiieal  damage  kvci.  wnh  ihc  fracture  mode  being 
determined  by  whKh  sort  of  dam.age  Erst  aeeumulaiet 
to  a  entical  kvtl  It  is.  ihcreforc,  useful  to  describe 
damage  c'  olu'.ion  bv  eonioutt  of  cunitant  damage  on 
■he  iractiire  meehanion  niapv  A  given  damage  kvel 
tndkaies  how  sloic  Ihe  material  iv  to  future  and  ihc 
relative  posiiiont  of  (he  eoniours  indicaies  the  rate  of 
damage  accumutaiion  at  vanout  points  along  the 
deformation  path  The  damage  coniours  combined 
wvih  the  frKturc  surface  provide  a  more  complete 
picturt  of  the  processes  kading  to  fneture  than  that 
provided  by  the  fracture  conditions  alone 

An  evampk  of  damage  coniours  for  a  singk  rncch* 
anism  (duciik  fracture!  is  given  m  Fig.  I),  where  ihe 
lines  corresponding  to  damage  kvelt  of  0.2  and  0.5 
have  been  drawn  for  a  10^5  tpherndlied  steel  The 
damage  it  expres<ed  as  the  ratio  of  (he  void  dimen* 
Sion  In  the  icnsik  direction,  r,.  to  the  critical  value  of 
this  dimension,  at  fracture,  it  takes  the  value  of 
mo  just  before  void  nuckaiton,  ami  a  value  of  I  at 
fracture  Such  coniours  show  how  the  relative  im¬ 
portance  of  nuckaiion  and  growth  of  voids  changes 
with  stress  Mtie:  when  ihc  superimpc  a\  rosuiic 
pressure  is  large,  ihc  lines  of  consianl  Minagc  arc 
cloK  10  the  duciik  fracture  line,  Imlicaling  (hat  ihc 
prestutt  dependence  of  damage  growth  it  higher  than 
that  of  void  nuckaiion. 

The  maps  also  illustrate  how  ihe  cup.and*conc 
fracture  forms  in  an  ordinary  lensik  specimen.  In  ihc 
cenirc,  where  ihc  fracture  iniiuies,  necking  generaus 
I  large  hydrosuiic  tension,  favouring  classical  duciik 
fnciurc.  At  (he  surface  of  the  specimen,  the  hydro¬ 
static  lension  is  much  less,  and  a  switch  to  shear 
fracture  occurs. 

Finally,  ii  is  worth  noting  that  it  is  posvibk  to 
reach  almost  any  point  in  these  maps  by  creating  a 
suiubk  stress  concentration.  Hydrosuiic  tension  can 
be  creaied  by  noiches  or  c.*ncks  and  positive  pressure 
by  indents  or  point  loads.  The  maps  give  some  idea 
how  failure  will  occur  under  these  muliiaaial  stress 
states. 
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Fif  _  I J.  Ff«*r»  Mp  bMk  rnciwt  IM  aitd  omimwi  oTcmmum  dNutft  for  « IWS  iolMroMM 

»w«l  TV  coflioon  (ormpood  lo  AmcI  vihM  of  r,  »Hm  r,  ii  c>lct>bi«i  fiom  iV  model 

pNMIHod  Ml  llw  Appoidi*. 


7.  CONCLCStONSi 

The  btuc  rnoiute  mcciwnlimi  of  «P|ineenng  al> 
loyt  (pUiik  rupiuK.  ductile  fnetura.  iVir  fneiurc 
tnd  Mule  fneture)  e«n  be  modelled  and  deaenbed 
approaimaieiy  by  cquaitont  «h«eh  deAne  a  tet  of 
wifaoet  m  tirv^t  ipMx.  When  the  loading  it  aattym* 
metne,  ttie  ei)uaiion«  lalic  simple  forms,  rclaiini  the 
dfeetut  itrcit  at  failure,  d.  to  the  mean  itrest. 

The  modek  arc  the  MmpleM  posubk  that  still,  m  our 
judgetncnl.  retain  the  eeienital  ph)‘»Ki  of  each  frac« 
tore  proccit.  So.  although  they  do  not  |i\e  an  exact 
dcKrlpiion  of  the  data,  the)  adeciuaiely  dcicnhe  the 
relaiionthip  hetuecn  mechaniwnt 

Maps  have  been  constructed  m  d  space  for 
Ase  illustrative  cnginecitng  allo)s.  The  diagrams 
sho*  the  range  of  pressure  over  uhieh  each  failure 
mechanism  is  dominant.  They  also  show  changes  in 
underlying  processes;  yicldin|.  plastic  Insubtliiy, 
cleavage  crack  propagation,  void  nuckaiion  and 
Unkagt.  and  so  forth,  revealing  the  physKal  reasons 
for  the  changes  of  mechanism.  Alloys  differ  greaily  in 
the  cxitnl  and  position  of  uch  regime,  depending  on 
their  yield  strength,  rate  of  work  hardening,  inclusion 
content,  etc 

The  diagrams  have  a  number  of  applications: 

(a)  They  reveal  in  a  simple  way  the  compka 
interaction  between  competing  frxiure  mechanisms, 
and  ih:  physical  origins  which  undcriy  them. 

(b)  They  show  how  pressure  may  be  used  in 
processing  to  change  the  fracture  mechanism,  and 
how.  in  a  notched  sample  (where  h)'drcsiaiic  tensions 
appear)  changes  of  mechanism  may  be  induced. 

(c)  They  help  show  how  processing  vanables  which 
change  the  material  properties  (yKid  strength,  work 
hardening  exponent,  inclusion  content,  etc.)  can 
change  the  fracture  mode  of  the  material. 
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APPENDIX 

Hm  iM  ctiMti*  Tof  Oycti'i*  ftKisrc  in  noicM  and 
immtuM  lynak  aamplti  art  Ot^tlpptd  YMt  it  tkrnc  In' 
mitfrtiini  iM  Rkt  and  Tracty  tdwipnt  for  vmd  prottih 
ami  ataaminp  iliai  frK>.<t  ottuit  al  a  triittal  ^alut  nf  r.  r« 
MtptfiOtni  nf  urttt  tiait 

(/)  I'nmttM  Tmuk  SaMpfri 
Tlic  telmnc  thangc  paramtitr  0.  i«  (lO) 

O-0.54Pnli?^  (Ml 

Iht  r»iM  ««,!#««•  atiHni  4«i4>mmcir^  foiJmji  ti  p\tr  fc> 

'*.-l--l»(l*UF-m>5-  ^  IA2I 
♦fc.  i  *m. 

Tlw  ihapt  ciiaAM  pannwitr.  7,  if  j^lttn  apprciimaHly  by 
|I4| 

7  •  I  (A5) 

Upon  MbMitMiM  of  iquaiiOM  (AIHA))  and  (10)  into 
(24).  vrt  obtain  an  ciprMtion  for  ilw  |ro»ili  tale:  only  m 
Ktmt  of  tiw  urain,  toprnmpowd  pttttuit  and  aorit  )Mrd< 
mini  conwantt,  TIm  ittuluni  tipmtion  can  bt  init|fai(d 
from  t\f,  to  f  10  :i^  tsuaiion  (25)  in  ilw  Mat. 

Sum  oor  criwnoo  fm  doeiilt  fracture  it  limpiy  oot  in 
wMch  Dm  void  liat  rtaditt  a  critical  valu*.  Uit  fracturt 
Mrain,  f|.  at  tomt  prvMurt,  p.  can  be  evaluaitd  in  wrmt  of 
the  fracture  Mrain,  f,,  at  p  oO  by  touaiini  tlie  tiprettiont 
for  r,  at  Ike  two  pretaure*. 

At  p  »0 


xtap|^0.2l<,+-j-(5+»ilnii~i|)J  (A4) 

where  a,  ■  I  +*<f, -m> 

Al  a  prtMure.  p 

iwj^veipjjj-lj  t»pj^0.2lf}f  ~  (l-ra.lnij-*.) 
where  *;■  I  +*<fj-m>. 

LcRoy  ri  tl.  |I4|  showed  lhai  for  typical  values  of  < 
2eip|(»l. 

Thu*,  lakini 

2eapj( -  I  M2eap{i 


ia7 


and  e^Mi  the  eapteatioiM  in  (Ad)  and  ( A5).  we  obtain  the 
faWowmi  eapreidon 

l.2fi,w  ■j- (I  4-a,in»,-*,j«  j 


rl2Xl 


OM  .  , 

»  ^  ll -I,lna.-Sjj 


2!n2^  OJMp 
J  4(1  -ml 


IfJ  '‘  rU.*) 


FituatHin  lAh)  can  )>e  omplided  10 
12*11  (i.lna,  s.lni.-s. 


0.«,  , 

-•;i-  ^  (i,in», 


-0l(4p 

"au'-mI 


I'! 


:\fri 


lAll 

(A») 


Recall  that 
and 

7hu» 

r.  ^lywlfi  *“ijl“tr%\.  —  i%H.  I 
For  m«si  alloy* 

l**\  "" I**.!** if*  —  f*i 

which  leads  10  the  approtimation 

*i“rj»fi“fj 

Furthermore 

*j  “di  ■  “d(f|  "fjl. 

Upon  substitution  of  (Al)  and  (AVI  into  (A7),  and  uVinp 
4  w  0.5S  (2),  we  obtain  an  teMeieion  for  the  pretture* 
dependence  of  the  fracture  straw 

0.44(f,-f,)4.2.21(e,lnf|-a:lna,) 

0.|4p 

““■.((l-m) 

Then,  usinp  ctpenmmial  data  for  the  fracturt  strain  at 
p  <■  0  and  the  work  hardminf  contianit.  ihe  fracture  strain 
and  fixture  stress  can  be  evaluated  m  terms  of  the  super- 

hnpofad  pressure. 

Fm  materials  which  do  not  underpo  ntmiise  ntckinp 
(f  S  I).  the  In  terms  in  equation  (AlO)  can  he  apptosimated 
by 

ln(l-*<f-m»ai*<f-m>. 

Thus 

i,ln«,-ajlnatw(l  4-4(f|-m)| 

X  (*<f,  -  m)|  -  II  +  *(f,  -  m»(*  ffj  -  m>| 
Neticetini  Mcond  order  terms  in  f  -  m,  we  pet 

ailnai-tjlnxjiiklfi-r,). 

Substituiinf  this  result  into  ^uation  (AlO)  and  takinp 
m«el,  we  obtain  tlw  fullowini  omptified  form  of  the 
frxiurt  surfxc 


,'fj  "-'lyi  lAIOl 


lAlt) 


The  ftKiurt  Urain  can  be  converted  10  a  iiresa  uun| 
equation  (10)  and  ihe  resultant  eapression  is  equation  (26) 
in  the  leal. 


(2)  So>:M  TetuUt  Smuflet 
The  MW  Ufa  void  in  a  pre-nordied  lenulc  umple  lesicd 
at  atmospheric  pressure  can  be  evaluated  In  a  similar  vray 
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Inufiaimf  iM  |is«ih  Mic  ««rt««uai  *t  cbiam 
-  ij  typtfht 


kO 

*ni  o)tuli«fl  (AM)  can  be  s(>piot)flMl«<i  by 

..  .  , 


The  fiiciatc  «Mm,  f..  in  *  Mtrp;c  ».U.  a  Vo'^n  iri1«i  «• 
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